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Abstract: In this study, in order to obtain excellent mechanical properties in TiB2/Al–Cu–Mn–Cd
composite, an optimized heat treatment, i.e., short-time solution treatment at 535 ◦C for 1 h following
long-time solution at 523 ◦C for 11 h, and aging treatment, i.e., aged at 170 ◦C for 12 h, is proposed.
In addition, this study investigated the connection between microstructure evolution and mechanical
properties during heat treatment. The results show that with adoption of the optimized solution
treatment, the area fraction of second and eutectic Al2Cu phases decreased from 5.08% in the as-cast
state to less than 0.36% owing to improvement of dissolution efficiency in the high-temperature short-
time solution. Comparing mechanical properties of the composite in the as-cast state and in the peak-
aged state, average ultimate tensile strength and yield strength increased from 211.9 MPa to 523.0 MPa
and from 115.8 MPa to 451.8 MPa, respectively. However, average elongation slightly decreased
from 8.78% to 8.24%. Strength contribution of the peak-aged TiB2/Al–Cu–Mn–Cd composite was
mainly ascribed to Cd-rich, θ′′ and θ′ precipitates. In the peak-aged state, number density and
average diameter of the plate-like θ′′ and θ′ precipitates reached 4.266 × 1021 m3 and 64.30 nm,
respectively, and severe lattice distortions occurred around the Cd-rich precipitates, providing the
strongest precipitation strengthening. These findings indicate that the two-stage solution treatment
successfully solved the problem of the eutectic phase at the triangular grain boundary being difficult
to dissolve in a TiB2/Al-Cu-Mn-Cd composite, and excellent mechanical properties were acquired
with the optimized aging treatment.

Keywords: TiB2/Al–Cu–Mn–Cd composite; two-stage solution treatment; microstructure evolution;
mechanical properties

1. Introduction

Particle-reinforced aluminum matrix composites (PAMC) demonstrate superior com-
prehensive performance, such as high elastic modulus, excellent isotropy and good wear
resistance [1–3]. Specifically, particle-reinforced Al–Cu composites have widespread appli-
cations [4,5]. Compared with other ceramic particles, such as Al2O3, SiC and TiC [6–8], TiB2
exhibits regular morphology and excellent thermal stability. In particular, there are two com-
mon coherent interface orientations (i.e., Al(111)/TiB2(0001) and Al(001)/TiB2(0001)) [9,10].
Li et al. [11] studied the microstructure, mechanical properties and aging behavior of a
TiB2 particle-reinforced Al–Cu composite. They reported that with the addition of TiB2
particles, the average grain size decreased by 15.88%, and the dislocation density increased
by approximately 34% owing to the hindering effect of the TiB2 particles. Accordingly, the
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ultimate tensile strength and yield strength of the composite increased by about 13.12%
and 4.95%, respectively, and the Young’s modulus increased by about 6.02%. As modern
industry develops rapidly, high requirements for strength and toughness are placed on
certain special structural components. To meet these demands, an effective and convenient
method to enhance the mechanical properties of TiB2 particle-reinforced Al–Cu composites
(i.e., TiB2/Al–Cu composite) is required. In general, Al–Cu alloy, a heat-treatable alloy,
can be modified by controlling the solution and aging precipitation sequence. Similarly,
heat treatment also can significantly improve the mechanical properties of Al–Cu matrix
composites with simple processes and low cost [12,13].

Typical heat treatment of Al–Cu matrix composite mainly includes solution and aging
processes. In the solution process, Cu atoms gradually dissolve into the Al matrix. Post
quenching, a supersaturated solid solution of Cu atoms forms, which provides precipitation
force for Cu-containing precipitates in the aging process. Therefore, maximum dissolution
of Cu atoms is pursued in order to acquire the maximum precipitation force during the
aging process. Solution temperature and time significantly influence Cu atom dissolution.
Specifically, low-temperature solution treatment cannot ensure a high and homogeneous
solute concentration, but high-temperature solution may cause over-burning defects [14,15].
Especially, Hong et al. [16] and Du et al. [17] identified particle migration towards grain
boundaries facilitated by solid/liquid interface during solidification and interwoven with
the eutectic Al2Cu phase. They reported that a shell-like structure impeded solute Cu
atom diffusion during solution processing, thereby impeding second-phase dissolution.
In addition, a particle-reinforced Al–Cu matrix composite tends to be non-equilibrium
solidified, and severe component segregation may occur in local areas, such as triangle grain
boundaries. Those non-equilibrium Al2Cu phases located in the triangle grain boundaries
are difficult to dissolve into the Al matrix under the conventional solution process. The
microstructure characteristics of a particle-reinforced Al–Cu matrix composite inevitably
lead to complex solution processes. Li et al. [18] investigated the effect of nano-sized SiC
particles on solution behavior and properties of 1 wt.% SiCp/Al–Cu composites. They
reported that abundant eutectic Al2Cu phase still existed in composite solutionized at
540 ◦C for 10 h, while over-burning defects and coarse grain boundaries appeared after
composite was solutionized at 550 ◦C for 10 h. The results of Li et al. [18] indicated that the
traditional single-stage solution treatment made it difficult to completely dissolve eutectic
Al2Cu phase into Al matrix. Yang et al. [19] proposed a two-stage solution treatment to
completely dissolve the Cu-containing phase without over-burning defects. They employed
a first stage (495 ◦C/8 h) to dissolve most of the Cu-containing phases while avoiding
incipient melting, and a subsequent stage (515 ◦C/4 h) aimed at promoting spheroidization
of eutectic Si phase. Moreover, Wu et al. [20] reported that most of the second phases had
dissolved into Al matrix after a two-stage solution treatment. In addition, grain size of
composites did not increase significantly in the high-temperature solution process (the
second stage) owing to effective pinning of grain boundaries caused by TiB2 particles.
Moller et al. [21] reported that eutectic phases were dissolved to a great extent by adopting
a two-step solution treatment: solutionized at 490 ◦C for 24 h followed by a short-time
solution at 520 ◦C for 2 h in 2139 alloy, and over-burning defects were successfully avoided.
However, they did not conduct an in-depth study into microstructure evolution during
their two-stage solution treatment process. Accordingly, the two-stage solution treatment
combined the advantages of low-temperature and high-temperature solution and could
potentially address the challenge of completely dissolving eutectic Al2Cu phase into the Al
matrix in particle-reinforced Al–Cu matrix composites. Although two-stage heat treatment
has been widely used in industry, there is still a lack of in-depth research about quantitative
characterization of the second phase’s dissolution behavior.

Similar to what is seen with Al–Cu alloy, it is widely accepted that the precipitation
sequence in particle-reinforced Al–Cu matrix composites is supersaturated solid solution
(SSS)→GP zone→θ′′→θ′→θ [22,23]. The θ′ precipitates with a composition of Al2Cu and
a tetragonal crystal structure (space group I4/mmm, a = 0.404 nm, c = 0.580 nm) are
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well known as the most effective strengthening precipitation [24]. The aging process is
controlled by diffusion of solute atoms. In the diffusion of solute atoms from the matrix,
precipitates increase in size while precipitates with smaller size re-dissolve, which is called
Ostwald ripening [25]. Precipitation strengthening capacity is defined by the precipitates’
size, distribution, number density and their coherence with the matrix. Aging temperature
and aging time are two necessary parameters in an artificial aging process and directly
influence the precipitates’ morphology, size, distribution and interface structure [26]. Aging
temperature as the precipitation drive force controls the precipitate number density by
affecting nucleation rate. The peak-aging hardness value appears within an adequate time
when the aging process is conducted at the optimal aging temperature, while, on the other
hand, a long time is needed to reach the peak hardness value at lower temperatures [27].
Alvarez et al. [28] conducted aging treatment at different aging temperatures (160, 180 and
200 ◦C) to obtain maximum hardness in an Al–Cu–Mg–Si alloy. The results indicated that
the aging temperature completely determined the age hardening process, and the maximum
hardness value reached 162 HV at 160 ◦C. In addition, the higher the aging temperature,
the faster the peak hardness was reached. However, Alvarez et al. mainly focused on
the hardness changes in the aging process, but microstructure evolution, especially the
evolution of the precipitates’ size, number density and coherence with the matrix, was
not discussed in detail. Moreover, the connection between precipitation strengthening
capacity and a precipitate’s characteristics (size, number density and interface structure)
was not yet fully understood, especially for the strengthening mechanism of peak-aging
TiB2/Al–Cu–Mn–Cd composites.

Therefore, we conducted systematic studies into the microstructure and hardness evo-
lution of a TiB2/Al–Cu–Mn–Cd composite during heat treatment and propose an optimized
two-stage solution treatment and single-stage aging treatment (aging temperature and
aging time). In addition, previous studies mainly optimized the aging treatment according
to variation in hardness, but in this study, the correlation between the aging hardening be-
havior and the evolution of the precipitates’ type, morphology and interface characteristics
was investigated in detail, and contributions to enhancement of the mechanical properties
are also discussed.

2. Materials and Methods

The composite was prepared by a combination of melt self-spreading reaction (Melt-
SHS) and traditional casting. The Melt-SHS method [29] via mixed TiO2 and H3BO3 in
molten Al was employed to prepare in situ Al-10 wt%TiB2 master alloy, and 1 wt%TiB2/Al–
Cu–Mn–Cd composite was prepared by traditional casting. The preparation process
diagram for composite is displayed in Figure 1a. A total of 1000 g of alloy was produced
at 780 ◦C in an electric resistance furnace. We used 99.99 wt% pure aluminum, master
alloys such as Al-50wt%Cu, Al-10wt%Mn, Al-10wt%Ti, Al-4wt%Zr and Al-10wt%TiB2
and cadmium metal (99.9%) for this process. Post processing involved hexachloroethane
degassing at 750 ◦C to remove any impurities. Alloy was successfully poured into an iron
mold pre-heated at 730 ◦C and coated with a blend of zinc oxide and sodium silicate in
water. To acquire the actual mass fraction of TiB2 in the composite, TiB2 particles were
extracted from TiB2/Al–Cu–Mn–Cd composite. The detailed process was as described
below. We gently sliced a petite sample measuring 10 mm × 10 mm × 5 mm. This was
then immersed in a dilute hydrochloric acid solution until fully dissolved. Next, the
particles were isolated via centrifugation, suction filtration and multiple cycles of treating
with ionized water. Finally, the particles were dried in an oven at 50 ◦C for 24 h. The
morphology of extracted TiB2 particles exhibited regular polyhedra, and the equivalent
average diameter was 0.75 µm, as displayed in Figure S1. The weights of TiB2 particles
and the small bulk specimen were measured by analytical balance, and the ratio of the two
masses was considered to be the actual mass fraction of the TiB2 particles in the composite.
The chemical composition of experimental composite is shown in Table 1, which was
confirmed by inductively coupled plasma atomic emission spectroscopy (ICP).
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Figure 1. (a) Schematic diagram of alloy preparation; (b) geometry of tensile test specimens (all
dimensions are in mm); (c) schematic diagram of sample locations for microstructure characterization
and mechanical testing.

Table 1. Elemental compositions of the composites (wt%).

Composition Cu Mn B Cd Zr Ti TiB2 Al

Designed composition 5.30 0.40 0.05 0.20 0.2 0.15 1.0 Balance
Actual composition 5.26 0.38 0.04 0.18 0.19 0.15 1.2 Balance

Subsequently, in order to study the effect of heat treatment on the microstructure and
properties, the composite was heated by resistance furnace with different heat treatments.
To avoid the over-burning defects during heat treatment processes, differential scanning
calorimetry (DSC 214 Polyma 2019) was used to measure the melting point of the second
phases in the as-cast microstructure.

The sample was cut from the rectangular ingot at the same position for microstructure
characterization. Schematic figures of the rectangular ingot and specimen positions are
shown in Figure 1c. Microsample solidification speed stands at approximately 49 mm/min
while that for tensile samples comes to around 57 mm/min, as calculated with the square
root law of solidification.

To prepare samples, we started with routine mechanical polishing followed by etching
with Keller’s solution (comprising 95% H2O, 2.5% HNO3, 1.5% HCl and 1% HF). Optical
microscopy (OM) was employed to examine the as-cast alloy structures. The grain size
and distribution frequency were determined with Nano-meter 1.2 software, scrutinizing
over 100 grains. X-ray Diffraction (XRD) was performed to analyze the type of phase in the
as-cast microstructure. Scanning electron microscopy and EDS analyses were employed
to observe the microstructure and tensile fractographs. JEM-2100F TEM (produced by
Japan Electronics Co., LTD, Tokyo, Japan) were used to observe the precipitation within the
microstructure. The phase identity was identified via SAED and EDS systems incorporated
in the TEM. Samples were gently ground to around 100 µm, followed by a warm (−25 ◦C)
polishing bath in a blend of 30 vol% HNO3 and 70 vol% CH3OH. The number density of
precipitates in per units volume was statistically obtained from a mass of representative
TEM micrographs (the number of statistics was greater than 50) using the method men-
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tioned in the literature [30]. In the literature, the number density of plate-like precipitates
in per units volume is estimated by the following formula [31];

NV = N × 4A1/2 + 4t + πDt

A3/2(4t + πDt)

where Nv is the number of plate-like precipitates in per units volume, N is the number of
plate-like precipitates in the image field of vision, A is the image area, Dt is the diameter of
plate-like precipitates, and t is the foil thickness of the beam direction, which is determined
by measuring the spacing of Kossel–Mollenstedt fringes in a {022} Al reflection in a <100> Al
two-beam convergent beam electron diffraction pattern [32] and can be estimated to be 85 nm.

We performed five Vickers hardness measurements on each specimen using an HDX-
1000TM/LCD electric Vickers hardness tester with a 200 g load and a 10 s dwell time. We
conducted three tensile tests, each with a gauge length of φ5 mm × 25 mm and a steady
strain rate of 1.6 × 10−2 mm/s, at a temperature of 25 ± 2 ◦C using the MTS810 (Produced
by MTS Systems, Eden Prairie, MN, USA) Systems testing machine. All samples were
selected from the same region, as illustrated in Figure 1b,c.

3. Results
3.1. Microstructure of the As-Cast TiB2/Al–Cu–Mn–Cd Composite

Figure 2 shows the microstructure of the as-cast TiB2/Al–Cu–Mn–Cd composite and
the XRD pattern. The as-cast microstructure mainly contained α (Al) matrix, eutectic-phase
Al2Cu and TiB2 phase, as displayed in Figure 2a. Due to low content of the microalloying
elements, other phases containing microalloying elements such as Mn, Ti, Cd et al. could
not be observed. As shown in Figure 2b,c, the as-cast microstructure of the composite was
mainly composed of α (Al) matrix and eutectic-phase Al2Cu at the grain boundary. Specifi-
cally, most of the Mn and Cd elements were saturated in the Al matrix and precipitated
in the aging process. In addition, most of the TiB2 particles were located within the α (Al)
grain (marked with dotted yellow circles), and part of the TiB2 particles were distributed
along the grain boundary (marked with a dotted red circle). The EDS mapping showed that
the TiB2 particles distributed in the grain boundary coexisted with eutectic-phase Al2Cu,
as displayed in Figure 2c–c3. Figure 2d,e show the as-cast grain morphology and size, and
the composite exhibited fine equiaxed morphology. As displayed in the partially enlarged
image, Figure 2e shows that the grain where the TiB2 particles existed was finer compared
to the grain without TiB2 (marked by a dotted white circle), indicting that TiB2 enhanced the
grain refinement. By grain-size statistics, the as-cast grain size of the TiB2/Al–Cu–Mn–Cd
composite was 42.3 µm, as displayed in Figure 2f.
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3.2. DSC Analysis

Over the process of heating from 25 ◦C to 600 ◦C, the DSC result of the composite
exhibited heat absorption peaks at 543.85 ◦C and 660 ◦C, as displayed in Figure 3. Combined
with the XRD result in Figure 2a, the peak at 543.85 ◦C represents the melting process of
eutectic-phase Al2Cu. Based on the above results, to avoid over-burning defects a solution
temperature below 543.85 ◦C is reasonable.
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3.3. Optimization of the Solution Process

Optimization of the solution treatment can be acquired by a two-step method. For the
first step, the composite was solutionized at 518 ◦C, 523 ◦C, 528 ◦C and 532 ◦C for 12 h to find
the optimized solution temperature (OST). Subsequently, the composite was solutionized at
the optimized temperature (determined by the first step) for various times (0–14 h) to acquire
the optimized solution time. The above experimental scheme is displayed in Table 2.

Table 2. Optimization scheme of the single-solution treatment.

Solution Treatment Temperature/◦C Time/h Quenching Transfer Time/s

First step 518, 523, 528, 532 12 h ≤10 s
Second step OST 9, 10, 11, 12, 13, 14 ≤10 s

3.3.1. Microstructure Evolution of TiB2/Al–Cu–Mn–Cd Composite in the Single-Stage
Solution Treatment

Figure 4 shows the microstructure evolution of the TiB2/Al–Cu–Mn–Cd composite
heated at different temperatures for 12 h and the EDS mapping results. Eutectic-phase
Al2Cu distributed along the grain boundary dissolved into the α (Al) matrix during the
solution treatment process. However, abundant residual phase still existed after solution
treatment at 518 ◦C for 12 h, as displayed in Figure 4a. The EDS results in Figure 4b–b3
show that the residual phase is eutectic Al2Cu phase. Figure 4c displays that the residual
phase further decreased when the solution temperature increased to 523 ◦C, suggesting
that increasing the solution temperature could improve the dissolution efficiency. However,
when the temperature further increased to 528 ◦C, black contrast phases appeared (marked
by dotted yellow Yboxes) and were continuously distributed at the grain boundaries, as
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displayed in Figure 4d,e. EDS mapping results in Figure 4e–e4 show that the black contrast
phase mainly contained oxygen elements, which is a typical feature of over-burning defects.
This indicates that the solution temperature should be below 528 ◦C to avoid occurrence of
over-burning defects, detrimental to overall mechanical strength. Therefore, the optimal
process temperature is identified as 523 ◦C.

Crystals 2024, 14, x FOR PEER REVIEW 7 of 22 
 

 

solutionized at the optimized temperature (determined by the first step) for various times 
(0–14 h) to acquire the optimized solution time. The above experimental scheme is dis-
played in Table 2. 

Table 2. Optimization scheme of the single-solution treatment. 

Solution Treat-
ment 

Temperature/°C Time/h Quenching Transfer Time/s 

First step 518, 523, 528, 532 12 h ≤10 s 

Second step OST 9, 10, 11, 12, 13, 
14 

≤10 s 

3.3.1. Microstructure Evolution of TiB2/Al–Cu–Mn–Cd Composite in the Single-Stage  
Solution Treatment 

Figure 4 shows the microstructure evolution of the TiB2/Al–Cu–Mn–Cd composite 
heated at different temperatures for 12 h and the EDS mapping results. Eutectic-phase 
Al2Cu distributed along the grain boundary dissolved into the α (Al) matrix during the 
solution treatment process. However, abundant residual phase still existed after solution 
treatment at 518 °C for 12 h, as displayed in Figure 4a. The EDS results in Figure 4(b–b3) 

show that the residual phase is eutectic Al2Cu phase. Figure 4c displays that the residual 
phase further decreased when the solution temperature increased to 523 °C, suggesting 
that increasing the solution temperature could improve the dissolution efficiency. How-
ever, when the temperature further increased to 528 °C, black contrast phases appeared 
(marked by dotted yellow Yboxes) and were continuously distributed at the grain bound-
aries, as displayed in Figure 4d,e. EDS mapping results in Figure 4(e1–e4) show that the 
black contrast phase mainly contained oxygen elements, which is a typical feature of over-
burning defects. This indicates that the solution temperature should be below 528 °C to 
avoid occurrence of over-burning defects, detrimental to overall mechanical strength. 
Therefore, the optimal process temperature is identified as 523 °C. 

 
Figure 4. Microstructure evolution of TiB2/Al–Cu–Mn–Cd composite heated at different tempera-
tures for 12 h and EDS mapping results: (a,b) 518 °C, (b1–b3) EDS mapping result of residual phase; 
(c) 523 °C; (d) 528 °C; (e) 532 °C, (e1–e4) EDS mapping result of over-burning defects. 

Figure 4. Microstructure evolution of TiB2/Al–Cu–Mn–Cd composite heated at different temperatures
for 12 h and EDS mapping results: (a,b) 518 ◦C, (b–b3) EDS mapping result of residual phase;
(c) 523 ◦C; (d) 528 ◦C; (e) 532 ◦C, (e–e4) EDS mapping result of over-burning defects.

Figure 5 displays the microstructure evolution of the TiB2/Al–Cu–Mn–Cd composite
heated at 523 ◦C for various periods (3–14 h). As the solution time continued, the second
phase at the grain boundary gradually dissolved into α (Al). Figure 5a–d show that a
large number of residual phases still existed in the microstructure when the solution time
prolonged to 9 h. When the solution time extended to 11 h, most of the second phases were
dissolved into the α (Al) matrix, as seen in Figure 5e. After further prolonging to 14 h, as
displayed in Figure 5h, over-burning defects appeared in the microstructure. Figure 5i is
the statistics of the area fraction for the residual phase and the hardness evolution in the
solution process. With the solution time extended from 0 h to 14 h, the area fraction of the
residual phase decreased from 5.08% to 0.36%. Specifically, the area fraction of the residual
phase decreased sharply in the first 3 h, and further gently decreased in the period from 3 h
to 10 h. Finally, the area fraction remained below 0.5% after solutionized at 523 ◦C for 11 h.
The above results are consistent with the microstructure evolution in Figure 5a–h.

Meanwhile, in terms of microhardness, due to lack of solid solution strengthening of
Cu atoms, the microhardness of the as-cast composite was only 76.55 HV. After the solution
treatment at 523 ◦C for 14 h, the microhardness increased obviously from 76.55 HV to the
peak hardness 87.9 HV. The hardness curve exhibits a similar rising tendency, ascribing to
increase of the solid solubility of Cu atoms in the α (Al) matrix during the solution process.
During the period 11 h to 14 h, the hardness exhibited a stable trend owing to the Cu atoms
being greatly dissolved into the α (Al) matrix, manifesting that the Cu atoms had basically
achieved complete dissolution. However, as a microstructure feature in Figure 5g,h, over-
burning defects appeared when the solution time extended to 13 h and 14 h. To sum up,
the microstructure evolution and microhardness curve indicate that treatment at 523 ◦C for
11 h is the optimal single-stage solution treatment.
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3.3.2. Microstructure Evolution of TiB2/Al–Cu–Mn–Cd Composite in Second-Stage
Solution Treatment

However, as seen in the illustration in Figure 5g, some residual phases still existed
in the triangle grain boundary. Because the diffusion path is longer in the triangle grain
boundary, dissolution of those residual phases into matrix was hard to achieve at 523 ◦C.
In addition, in increasing the single-stage solution temperature or extending the solution
time, the over-burning defects appeared. Therefore, a second-stage solution treatment at
higher temperature was conducted to solve the above phenomenon.

Figure 6 displays the microstructure evolution of the TiB2/Al–Cu–Mn–Cd composite
(after pretreatment at 523 ◦C for 11 h) when heated at 535 ◦C for various periods (0.5–2 h).
As seen in Figure 6a, the residual phase located in the triangle grain boundary further
dissolved into the α (Al) matrix, and only a small amount of the residual phase existed
in a local area (marked by dotted red boxes). Specifically, a lot of sub-micro phases were
distributed discontinuously at the grain boundary, as shown in Figure 6e, and EDS point
results indicated those phases consisted of Al, Cu and Mn elements. The phenomenon is
consistent with the result of Ref. [33], and the sub-micro phases can be considered as T
(Al20Cu2Mn3) phase. The T (Al20Cu2Mn3) phase is a highly temperature stable phase, so it
is hard to dissolve into the α (Al) matrix. Fortunately, the size of the T phase is relatively
fine and doesn’t damage mechanical properties. With the solution time extended to 1 h,
the residual phases located in the triangle grain boundary completely disappeared, which
indicates that the residual phase located in the triangle grain boundary could be further
dissolved by increasing the second-stage solution temperature to 535 ◦C and holding for 1 h,
as displayed in Figure 6b,f. However, after further extending to 1.5 h and 2 h, over-burning



Crystals 2024, 14, 836 9 of 22

defects (marked by dotted red circles) appeared in the microstructure, as displayed in
Figure 6c,d, and can be obviously observed in the enlarged images in Figure 6g,h, which
indicates that the solution temperature exceeded the melting point of the residual phase.
Therefore, treatment at 535 ◦C for 1 h is the optimal second-stage solution treatment.
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periods: (a,e) 0.5 h; (b,f) 1.0 h; (c,g) 1.5 h; (d,h) 2.0 h.

3.4. Optimization of the Aging Process
3.4.1. Aging-Hardening Behavior at Different Temperatures

Figure 7 shows the variations of the hardness with the increasing aging times at 150 ◦C,
170 ◦C and 190 ◦C. Each data point represents an average of five measurements, with
standard deviation shown as error bars. Hardening curves at 150 ◦C, 170 ◦C and 190 ◦C
were quite similar. Initially, a particularly rapid increase appeared in the hardness curves
at the three different aging temperatures. As the aging continued, peak hardness was
achieved with 145.6 HV at 15 ◦C, 164 HV at 170 ◦C and 157 HV at 19 ◦C. Towards the
later stages, the hardness values slightly declined but remained consistent. Comparing the
hardness curves at 15 ◦C, 170 ◦C and 190 ◦C, the peak hardness at 170 ◦C was the highest
and at 150 ◦C was the lowest. However, in terms of aging response, the composite aged at
190 ◦C required less time to reach the peak hardness. Based on the above hardness curves
results, aging at 170 ◦C for 12 h is the optimal aging treatment.

3.4.2. Peak-Aged Microstructure at Different Temperatures

Reportedly, heat treatment can enhance the strength of Al–Cu alloys, resulting in
formation of metastable precipitates. For Al–Cu alloys, θ′ phase is the dominating pre-
cipitate, and the precipitation sequence is Alss→Guinier–Preston (GP I zones)→θ′′ (GP II
zones)→θ′ (Al2Cu)→θ (Al2Cu) [34,35]. Therefore, it was necessary to observe the type, size
and quantity of the dominating precipitates in the peak-aged composite. Figure 8 displays
the TEM micrograph and SAED results of the peak-aged TiB2/Al–Cu–Mn–Cd composite
at the different aging temperatures. As displayed in Figure 8a–c, nanoscale plate-like
precipitates with high densities were evident in the peak-aged composite, which could
be identified as θ′′ and θ′ [36]. The corresponding SAED were performed to determine
the type of precipitates, as shown in the upper-right corner of Figure 8a–c. The SAED
pattern in Figure 8a shows that a series of weak streaks appeared around {002}Al spots,
which indicates that the dominating plate-like precipitates of the peak-aged state at 150 ◦C
were θ′′. With the aging temperature increased to 170 ◦C, apart from the weak streaks
caused by θ′′, spots representing θ′ (marked by white arrows in the SAED pattern) could
also be observed, as displayed in Figure 8b. The above SAED results indicate that the
plate-like precipitates were composed of θ′ and θ′′. Meanwhile, compared to the plate-like
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precipitates in Figure 8a,d, the number density of the plate-like precipitates in Figure 8b,e
is less than in the aging treatment at 150 ◦C. The number density of plate-like precipitates
further decreased when the aging temperature increased to 190 ◦C, as shown in Figure 8c,f.
In addition, the SAED pattern in Figure 8c reveals that the weak streaks around the {002} Al
spots disappeared, and the spots representing θ′ became more obvious. This phenomenon
manifests that most of the plate-like precipitates were θ′ after the aging treatment at 190 ◦C
for 2 h.

Crystals 2024, 14, x FOR PEER REVIEW 10 of 22 
 

 

3.4. Optimization of the Aging Process 
3.4.1. Aging-Hardening Behavior at Different Temperatures 

Figure 7 shows the variations of the hardness with the increasing aging times at 150 
°C, 170 °C and 190 °C. Each data point represents an average of five measurements, with 
standard deviation shown as error bars. Hardening curves at 150 °C, 170 °C and 190 °C 
were quite similar. Initially, a particularly rapid increase appeared in the hardness curves 
at the three different aging temperatures. As the aging continued, peak hardness was 
achieved with 145.6 HV at 15 °C, 164.HV at 170 °C and 157 HV at 19 °C. Towards the later 
stages, the hardness values slightly declined but remained consistent. Comparing the 
hardness curves at 15 °C, 170 °C and 190 °C, the peak hardness at 170 °C was the highest 
and at 150 °C was the lowest. However, in terms of aging response, the composite aged at 
190 °C required less time to reach the peak hardness. Based on the above hardness curves 
results, aging at 170 °C for 12 h is the optimal aging treatment. 

 
Figure 7. The hardness curves of TiB2/Al–Cu–Mn–Cd composite during aging processes at 150 °C, 
170 °C and 190 °C. 

3.4.2. Peak-Aged Microstructure at Different Temperatures 
Reportedly, heat treatment can enhance the strength of Al–Cu alloys, resulting in for-

mation of metastable precipitates. For Al–Cu alloys, θ′ phase is the dominating precipi-
tate, and the precipitation sequence is Alss→Guinier–Preston (GP I zones)→θ″ (GP II 
zones)→θ′ (Al2Cu)→θ (Al2Cu) [34,35]. Therefore, it was necessary to observe the type, size 
and quantity of the dominating precipitates in the peak-aged composite. Figure 8 displays 
the TEM micrograph and SAED results of the peak-aged TiB2/Al–Cu–Mn–Cd composite 
at the different aging temperatures. As displayed in Figure 8a–c, nanoscale plate-like pre-
cipitates with high densities were evident in the peak-aged composite, which could be 
identified as θ″ and θ′ [36]. The corresponding SAED were performed to determine the 
type of precipitates, as shown in the upper-right corner of Figure 8a–c. The SAED pattern 
in Figure 8a shows that a series of weak streaks appeared around {002}Al spots, which 
indicates that the dominating plate-like precipitates of the peak-aged state at 150 °C were 
θ″. With the aging temperature increased to 170 °C, apart from the weak streaks caused 

Figure 7. The hardness curves of TiB2/Al–Cu–Mn–Cd composite during aging processes at 150 ◦C,
170 ◦C and 190 ◦C.

Crystals 2024, 14, x FOR PEER REVIEW 11 of 22 
 

 

by θ″, spots representing θ′ (marked by white arrows in the SAED pattern) could also be 
observed, as displayed in Figure 8b. The above SAED results indicate that the plate-like 
precipitates were composed of θ′ and θ″. Meanwhile, compared to the plate-like precipi-
tates in Figure 8a,d, the number density of the plate-like precipitates in Figure 8b,e is less 
than in the aging treatment at 150 °C. The number density of plate-like precipitates further 
decreased when the aging temperature increased to 190 °C, as shown in Figure 8c,f. In 
addition, the SAED pattern in Figure 8c reveals that the weak streaks around the {002} Al 
spots disappeared, and the spots representing θ′ became more obvious. This phenomenon 
manifests that most of the plate-like precipitates were θ′ after the aging treatment at 190 
°C for 2 h. 

 
Figure 8. TEM micrograph and SAED results taken along the <001>Al orientation zone axis of peak-
aged TiB2/Al–Cu–Mn–Cd composite at different aging temperatures: (a,d) 150 °C, (b,e) 170 °C, (c,f) 
190 °C. 

Figure 9 shows the diameter and thickness distribution of the plate-like precipitates. 
With the aging temperature increasing from 150 °C to 190 °C, the average diameter of the 
plate-like precipitates in the peak-aged state increased from 34.6 nm to 102.4 nm, and the 
average thickness of the precipitates in the peak-aged state increased from 2.4 nm to 3.2 
nm, as displayed in Figure 9a,b. Specifically, comparing the size distribution at the differ-
ent aging temperatures, the size of the plate-like precipitates treated at 170 °C were more 
uniform, with an average diameter of 64.3 nm and a thickness of 2.6 nm. 

Figure 8. TEM micrograph and SAED results taken along the <001>Al orientation zone axis of
peak-aged TiB2/Al–Cu–Mn–Cd composite at different aging temperatures: (a,d) 150 ◦C, (b,e) 170 ◦C,
(c,f) 190 ◦C.
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Figure 9 shows the diameter and thickness distribution of the plate-like precipitates.
With the aging temperature increasing from 150 ◦C to 190 ◦C, the average diameter of
the plate-like precipitates in the peak-aged state increased from 34.6 nm to 102.4 nm, and
the average thickness of the precipitates in the peak-aged state increased from 2.4 nm to
3.2 nm, as displayed in Figure 9a,b. Specifically, comparing the size distribution at the
different aging temperatures, the size of the plate-like precipitates treated at 170 ◦C were
more uniform, with an average diameter of 64.3 nm and a thickness of 2.6 nm.
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3.5. Mechanical Properties
3.5.1. Tensile Property at Room Temperature

The average ultimate tensile strength (UTS), yield strength (YS) and elongation (EL) in
the different states are exhibited in Figure 10. The UTS, YS and EL of the as-cast composite
were 211.9 MPa, 115.8 MPa and 8.38%, respectively. After taking the above optimal heat
treatment (first-step solution at 523 ◦C for 11 h followed by second-step solution at 535 ◦C
for 1.0 h and aged at 170 ◦C for 12 h), the UTS and YS reached 523.0 MPa and 451.8 MPa,
respectively. However, the value of EL slightly decreased from 8.78% to 8.24%
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Table 3 presents the summary of the tensile properties of the reported particle-reinforced
Al–Cu matrix composites [11,18,20,37,38]. Comparatively, the TiB2/Al–Cu–Mn-Cd com-
posite subjected to the optimal heat treatment in our work has exhibited better strength–
elongation combinations.

Table 3. Tensile properties of the particle-reinforced Al–Cu matrix composites.

Composite Heat Treatment σs (MPa) σb (MPa) El (%)

TiB2/Al–Cu–Mn (this study) 523 ◦C, 11 h + 535 ◦C, 1 h
170 ◦C 12 h 523.0 451.8 8.24

TiC/Al–Cu–Mn [37] 538 ◦C, 12 h
165 ◦C, 10 h 542.0 367.0 11.0

TiB2/Al–Cu–Li [20] 500 ◦C, 32 h + 560 ◦C 24 h
175 ◦C 8 h 302.0 206.0 3.7

TiB2/Al–Cu–Mn [11] 535 ◦C, 2 h
175 ◦C 15 h 446.3 344.8 8.1

TiC/Al–Cu [39] 535 ◦C, 1 h
165 ◦C, 10 h 401.0 245.0 13.1

SiC/Al–Cu–Mn [18] 540 ◦C, 10 h
180 ◦C, 10 h 500.1 358.0 8.5

3.5.2. Fractography

Figure 11 displays the fractograph of the TiB2/Al–Cu–Mn–Cd composite in the as-cast
and peak-aged states. As shown in Figure 11a,c, abundant tear edges are observed in
Figure 11a, indicting a shear fracture mode. With adoption of the heat treatment, small
dimple and cleavage planes simultaneously appeared, implying that the fracture mode
had changed to a shear/cleavage mixed mode [40], as displayed in Figure 11c. Particularly,
Figure 11b,d show that TiB2 particles appeared in the center of a small dimple (as marked
by yellow arrows), manifesting that the TiB2 particles played the role of bearing stress
during the deformation and fracture process.
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4. Discussion
4.1. Nucleation Behavior at Different Aging Temperatures

The precipitation process of the supersaturated solid solution was mainly controlled
by diffusion of the solute, and the aging driving force in the different aging temperatures
was also different [39].

On the one hand, according to nucleation theory, the nucleation process would be
accompanied by an increase in surface free energy and a decrease in volume free energy. The
increase in the surface free energy would hinder the precipitation process, while existence
of supercooling, i.e., the temperature difference between solution and aging treatment, as a
driving force would promote the precipitation process. When the composite was aged at
190 ◦C, the degree of supercooling was relatively small; that is, the precipitation driving
force was powerless, which was not conducive to nucleation precipitates. Finally, the
number density of the precipitates was relatively low in the peak-aged composite at 190 ◦C,
as displayed in Figure 8c,f. However, the time to reach peak hardness was shortened owing
to the faster diffusion rate of Cu atoms at 190 ◦C, and the hardness dramatically increased
in the early aging stage (0–2 h), as shown in Figure 7.

On the other hand, the growth of the plate-like precipitates was controlled by the
diffusion of Cu atoms. According to diffusion theory, the temperature was the most
important factor affecting the diffusion process. When the aging temperature was 150 ◦C,
the aging temperature was relatively low, and the migration of Cu atoms was slow at 150 ◦C.
This would eventually result in retarded growth of the plate-like precipitates, and lead to
finer sizes of the plate-like precipitates with weak strengthening ability, so the hardness
value of the TiB2/Al–Cu–Mn–Cd composite peak-aged at 150 ◦C was also maintained at a
low level.

When the composite aged at 170 ◦C, the degree of supercooling required for nucle-
ation of the plate-like precipitates and for sufficient diffusion rates of Cu atoms could be
provided. A sufficient number density of the plate-like precipitates precipitated under
the supercooling provided at 170 ◦C. On the other hand, the plate-like precipitates grew
to a size large enough to effectively impede dislocation slips. Therefore, the peak-aged
hardness aged at 170 ◦C reached the highest point.

4.2. Kinetics Behavior of Precipitation during Aging at 170 ◦C

Figure 12 shows the precipitates evolution of the TiB2/Al–Cu–Mn–Cd composite aged
at 170 ◦C for various time (0.5 h, 3 h, 12 h and 24 h). As displayed in Figure 12a, a large
amount of uniformly dispersed needle-like precipitates were observed in the Al matrix.
The corresponding SAED in Figure 12e indicated that those precipitates were θ′′. With
the aging time extended to 3 h and 12 h, the size of the precipitates became coarse, and
spots representing θ′ appeared (as marked in the SAED pattern) in Figure 12b,c. After
further increasing the aging time to 24 h, the weak streaks caused by θ′′ disappeared,
indicating that the plate-like precipitates were mainly composed of θ′, as displayed in
Figure 12d. Dark-field images exhibited well the variation of the number density of the
plate-like precipitates at different aging times, as displayed in Figure 12f–h. Figure 13a is
the statistics of the precipitates sizes during aging at 170 ◦C for 0.5 h, 3 h, 12 h and 24 h. The
result implies that with the aging time increasing, the average diameter of the plate-like
precipitates also increased from 13.75 nm at 0.5 h to 38.20 nm at 3 h, 64.30 nm at 12 h and
73.59 nm at 24 h. The number density of the plate-like precipitates gradually decreased as
the aging time increased. With the aging time extended to 24 h, the number density of the
plate-like precipitates decreased from 7.011 × 1022 m−3 at 0.5 h to 2.482 × 1022 m−3 at 3 h,
4.266 × 1021 m−3 at 12 h and 3.872 × 1021 m−3 at 24 h, as revealed in Table 4.
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Table 4. Quantitative statistics of plate-like precipitates sizes when aged at 170 ◦C for different times.

Aging Time Precipitates Type A/nm2 Dt/nm NV/m−3

0.5 h θ′′ 52,982.83 13.74 7.011 × 1022

3 h θ′, θ′′ 39,302.58 38.20 2.482 × 1022

12 h θ′, θ′′ 86,010.66 64.30 4.266 × 1021

24 h θ′ 87,325.47 73.59 3.872 × 1021

In addition, apart from the plate-like precipitates, there were abundant spherical pre-
cipitates with an average diameter of ~3 nm in the Al matrix (marked by red arrows), as
shown in Figure 12b,c. The obvious spherical precipitates are exhibited in Figure 12i. A part
of the spherical precipitates existed in isolation, and the other part were adjacent to the ends
of the θ′ precipitates (marked by dotted yellow circles). An enrichment of Cd in the spherical
precipitates was confirmed based on the EDS mapping results in Figure 12i1–i4, and no other
elements were enriched. This phenomenon indicated that the spherical precipitate was a
Cd-rich phase. The Cd-rich precipitates observed in Ref. [41], which were considered to be
precipitated in the early aging stage, accompanied an excellent precipitation strengthen in the
Cd-containing alloys. Figure 13b shows the size evolution of the Cd-rich precipitates during
the aging process at 170 ◦C, and the diameter of the Cd-rich precipitates slightly increased
from 2.33 nm at 3h to 3.76 nm at 12 h and 5.42 nm at 24 h. However, comparing the number
density evolution during the aging process, the number density of the Cd-rich precipitates
decreased significantly when the aging time extended to 24 h, as shown in Figure 12c,d.

In order to clarify the structure evolution of the plate-like and spherical precipitates
over the aging process at 170 ◦C, HRTEM micrographs and FFT patterns of the precipitates
are exhibited in Figure 14. The corresponding HRTEM and FFT images of the plate-like
precipitates aged at 170 ◦C for 0.5 h are given in Figure 14a–a2. A series of bright streaks
around spots {002}Al appeared in the FFT pattern, confirming that the precipitates of the
A zone in Figure 14a were θ′′ or GP zone, as displayed in Figure 14a1. However, GP zone
usually tends to precipitate in the naturally aging process, according to the Ref. [42]. Thus,
the plate-like precipitates in Figure 14a were θ′′ with several atomic layers of thickness.
The magnification image of the A zone also confirmed that the interface demonstrated a
completely coherent relationship between θ′′ and the Al matrix, as displayed in Figure 14a2.
Similar interface characteristics were reported in Ref. [35]. With the aging time extended
to 3 h and 12 h, the size of the plate-like precipitates obviously coarsened, as shown in
Figure 14b,c. Meanwhile, the FFT pattern of the C zone in Figure 14c1 indicated that part
of θ′′ have transferred to θ′. According to previous research [43], interfaces were coherent
between an α (Al) matrix and the broad faces of θ′, but semi-coherent interfaces were often
formed between the side faces of θ′ and α (Al). However, as displayed in the enlarged
image of the C zone, Figure 14c2 shows that the side faces of θ′ still revealed coherent
interface relationships with the α (Al) matrix. Shen et.al [44] observed a similar interface
relationship between θ′ and the α (Al) matrix, and they reported that θ′ was found to be
formed by in situ transformation from θ′′ with the same interface structure characteristic.
Thus, the θ′ (Al2Cu) precipitate aged at 170 ◦C for 12 h may have been formed by in situ
transformation from θ′′.

In the aspect of the structure evolution for the Cd-rich precipitates, it is worth noting
that the Cd-rich precipitates cannot observed in Figure 14a. According to Ref. [45], after
APT results had confirmed that Cd existed in a matrix in the form of nano-scale atomic
clusters precursor in the early aging stage, Cd could not be observed by HRTEM owing
to lower resolution. With the aging time extended to 3 h, the Cd-rich precipitates could
be observed in the HRTEM images, as shown in Figure 14b. The enlarged image of the
B zone (shown in the top right illustration) showed that the Cd-rich precipitates with
diameters of 2~3 nm maintained completely coherent interface relationships. The FFT
pattern of the Cd-rich precipitates was consistent with the interface characteristics, as
shown in Figure 14b1. No additional sets of diffraction spots arose in the FFT pattern,
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apart from the spots caused by the Al matrix. The IFFT result of the B zone in Figure 14b2
indicated that lattice distortions did not generate around the interfaces in the α (Al) matrix
ascribing to the coherent interfaces between the Cd-rich precipitates and the α (Al) matrix.
The enlarged image of the D zone (shown in the illustration of Figure 14c) showed the
structure of the Cd-rich precipitates aged at 170 ◦C for 12 h, and the sizes of the Cd-rich
precipitates had increased to 8~10 nm. Compared to the FFT result in Figure 14b1, there
were still no extra spots caused by the Cd-rich precipitates. However, the spots caused by
the α (Al) matrix became more blurry, as displayed in Figure 14c3. The IFFT result of the
D zone showed that severe lattice distortion had occurred inside and around the Cd-rich
precipitates, as marked by the “T” red signs in Figure 14c4, which can reasonably explain
the blurriness in Figure 14c3.
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After further increasing the aging time to 24 h, as shown in Figure 14d, the coherent
interfaces between θ′ (Al2Cu) and α (Al) were broken, indicating that the aging treatment
at 24 h had destroyed the coherent relationships between the side faces of θ′ (Al2Cu) and
the α (Al) matrix.

4.3. The Connection between Hardness and Precipitates Evolution during Aging Process

During the aging process at 170 ◦C, the hardness trend reflected the evolution of the
sizes, number densities and structures of the θ′/θ′′ and Cd-rich precipitates. As displayed
in Figures 12 and 14, the precipitates experienced a process of nucleation, growth and
ripening in the composite aged at 170 ◦C for 0–24 h.

To deeply clarify the evolution of the microstructure and microhardness during the
aging process, the relationship curves between the microhardness and the precipitates
characteristics and a schematic diagram of the microstructure evolution are presented in
Figure 15. As shown in Figure 15, in the beginning of the aging treatment (0.5 h), the θ′′

precipitates with an average diameter of 13.74 nm had nucleated in the Al matrix, and the
number density reached 7.011 × 1022 m−3. It is well known that the growth process of θ′′ is
determined by the diffusion of Cu atoms [46]. The growth of θ′′ was hindered because Cu
atoms could not be supplied by diffusion in the short aging period (0.5 h) to meet the needs
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of θ′′ growth. So the sizes of the θ′′ precipitates exhibited a finer morphology, as displayed
in Figures 12a and 14a. However, the sizes of the θ′′ precipitates were too small, and the
ability to hinder dislocation slip was poor. Meanwhile, the Cd-rich precipitates existed in
the matrix in the form of precursor clusters in the early aging stage (0.5 h), so precipitation
strengthening from the Cd-rich precipitates was minimal. Therefore, owing to the fine
morphology of θ′′ and the lack of precipitation strengthening of the Cd-rich precipitates, the
hardness value of the composite was only 88.28 HV and in under-aged condition at 0.5 h. As
displayed in the schematic diagram of the microstructure, the precipitation strengthening
contribution of the composites aged for 0.5 h mainly arose from the θ′′ precipitates.
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With the aging time increasing to 3 h, part of the θ′′ precipitates transformed to θ′

and significant growth occurred, which ascribes to sufficient Cu atoms provided over the
longer period (3 h) of diffusion, as displayed in Figures 12b and 14b. In addition, the
Cd-rich precipitates with sizes of 2–3 nm emerged in the Al matrix. As shown in Figure 15,
the average diameter of the plate-like precipitates increased to 38.20 nm, but the number
density decreased to 38.20 × 1022 m−3. Under the synergetic influence of the changes in
number density and sizes, the hardness value sharply increased to 141.92 HV. As exhibited
in the schematic diagram of the microstructure aged for 3 h in Figure 15, the θ′, θ′′ and
Cd-rich precipitates together played the role of precipitation strengthening.

After further extending aging time to 12 h, the peak hardness appeared. As shown
in Figure 12c, compared with the SAED pattern in Figure 12b, the streaks representing θ′′

became weaker, indicating that most of θ′′ had transformed to θ′ in the peak-aged state.
The sizes of the plate-like precipitates were also coarser than in the under-aged state, and
the diameters of the precipitates had grown to 64.30 nm, according to the statistics in
Figure 13a. Meanwhile, the Cd-rich precipitates also had grown; the diameters increased to
6–8 nm. However, the number densities of the plate-like and Cd-rich precipitates in the
peak-aged state were reduced compared with the under-aged state, which was caused by
Ostwald ripening of the precipitates [47]. For precipitation strengthening, the growth of the
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θ′′ and Cd-rich precipitates would inevitably increase the ability to impede dislocation slip,
but the decrease in the number densities could also weaken the precipitation strengthening.
According to the hardness curve in Figure 7, the increase of the precipitation strengthening
caused by the growth of the precipitates played a dominant role in the peak-aged state. In
addition, the HRTEM and IFFT images of the Cd-rich precipitates in Figure 14b,b2 showed
less distortions around the Cd-rich precipitates. However, according to the HRTEM and
IFFT images of the Cd-rich precipitates in Figure 14c,c4, there were serious distortions
around the Cd-rich precipitates, which indicated that the Cd-rich precipitates in the peak-
aged state owned the stronger strengthening effect. As exhibited in the schematic diagram
of the microstructure aged for 12 h, the strength contribution of the peak-aged TiB2/Al–Cu–
Mn–Cd composite mainly ascribed to most of θ′′, a part of θ′ and the Cd-rich precipitates.

After continuing to extend the aging time to 24 h, the streaks representing the θ′′ precipi-
tates had disappeared, which suggested that θ′′ had completely transformed to θ′. According
to Figure 15, compared to the plate-like precipitates in the peak-aged state, the number density
slightly decreased to 4.27 × 1022 m−3 and the average diameter of the plate-like precipitates
slightly increased to 73.59 nm. However, as shown in Figure 14d, the interface structure of the
plate-like precipitates changed from coherent interfaces to non-coherent interfaces, and the
interface bonding strength of the non-coherent interfaces was weaker. Moreover, as displayed
in Figure 12d, compared with the Cd-rich precipitates in the peak-aged state, the number
density sharply decreased. Thus, the hardness reduced ascribing to the weaker precipitation
strengthening contributed from the sparse Cd-rich precipitates. As exhibited in the schematic
diagram of the microstructure aged for 24 h, compared with the precipitation strengthening
in the peak-aged state, the contribution from the Cd-rich and plate-like precipitates became
weaker owing to the sparse number density and non-coherent interfaces, respectively, which
diminished the hardness to 156.29 HV.

In summary, with the precipitation strengthening contributed from the θ′, θ′′ and
Cd-rich precipitates, the hardness of the TiB2/Al–Cu–Mn–Cd reached the peak value after
170 ◦C for 12 h. In the under-aged state, the ability of the precipitates with fine sizes to
obstruct dislocation slip was weaker, thus the hardness was kept at a low level. For the over-
aged state, the hardness slightly decreased ascribing to the decrease in the number density
of the Cd-rich precipitates and the weaker bonding strength of non-coherent interfaces
between θ′ (Al2Cu) and the Al matrix.

5. Conclusions

This study investigated the effects of heat treatment on the microstructure and me-
chanical properties of a TiB2/Al–Cu–Mn–Cd composite. In conclusion, this study revealed
the following findings:

1. An optimized two-stage solution treatment for TiB2/Al–Cu–Mn–Cd composite was
proposed. The second and eutectic Al2Cu phases in the as-cast state completely
dissolved into the Al matrix with the adoption of the optimized solution treatment,
i.e., solutionized at 523 ◦C for 11 h followed by the high-temperature short-time
solution at 535 ◦C for 1 h.

2. The peak hardness for TiB2/Al–Cu–Mn–Cd reached 164.6 HV with the optimized
aging at 170 ◦C for 12 h. Compared to the mechanical properties in the as-cast state,
the average ultimate tensile strength and yield strength increased from 211.9 MPa to
523.0 MPa and 115.8 MPa to 451.8 MPa, respectively. However, the value of elongation
slightly decreased from 8.78% to 8.24%.

3. The strength contribution of the peak-aged TiB2/Al–Cu–Mn–Cd composite mainly
ascribed to the Cd-rich, θ′′ and θ′ precipitates. In the peak-aged state, the number
density and average diameter of the plate-like precipitates reached 4.266 × 1021 m3

and 64.30 nm, which provided the most powerful precipitate strengthening. The
smaller sizes and sparser number densities of the precipitates were the reasons for the
low hardnesses of the under-aged and over-aged composites, respectively.
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