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Abstract: The laser powder bed fusion (LPBF) is an additive manufacturing technology involving
a gradual build-on of layers to form a complete component according to a computer-aided design.
The LPBF process boasts of manufacturing value-added parts with higher accuracy and complex
geometries for the transport, aviation, energy, and biomedical industries. TiAl-based alloys and
high-entropy alloys (HEAs) are two materials envisaged as potential replacements of nickel-based
superalloys for high temperature structural applications. The success of these materials hinge on
optimization and implementation of tailored microstructures through controlled processing and
appropriate alloy manipulations that can promote and stabilize new microstructures. Therefore, it is
important to understand the LPBF technique, and its associated microstructure-mechanical property
relationships. This paper discusses the metallurgical sintering processes of LPBF, the effects of process
parameters on densification, microstructures, and mechanical properties of LPBFed TiAl-based alloys
and HEAs. This paper also, presents updates and future studies recommendations on the LPBFed
TiAl-based alloys and HEAs.

Keywords: additive manufacturing; selective laser sintering; laser powder bed fusion; TiAl alloys;
HEA; heterogeneous microstructure

1. Introduction

TiAl alloys are intermetallic alloys based on an ordered α2(Ti3Al) phase with a hexag-
onal crystal structure (DO19) or a face-centred tetragonal structure (L10) γ(TiAl) phase.
TiAl-based alloys, over the years, have been considered as suitable candidates for weight-
saving components in advanced new generation automotive and aerospace engines. This is
attributed to their desirable high-temperature performances which include high strength-
to-weight ratio; impressive creep properties at elevated temperatures, excellent oxidation
and corrosion resistance [1–3].

High-entropy alloys (HEAs), by composition, are defined as alloys designed with at
least five (5) principal elements having concentrations between 5 and 35 at.% [4]. Cur-
rently, HEAs are one of the novel alloy design concepts used in designing next-generation
alloys which are envisaged for a wide range of industrial applications. HEAs exhibit
remarkable properties such as good thermal stability [5], high strength and toughness
under extreme conditions [6,7], high hardness [8], excellent wear resistance [9], outstanding
fatigue performance [10], distinctive electrical and magnetic properties [11,12] and an
impressive corrosion and oxidation resistance [13,14]. Some applications of HEAs stud-
ied include for hydrogen fuel cells, catalysis, gradient magnetism, and high-temperature
semiconductors [15–20].

The burden of manufacturing demands such as complex structures and mechanical
properties of HEAs, and TiAl-based alloys limit the processing technology options for
fabricating these two alloys. Almost 75% of the total research on these potential superalloys,
thus far reported used vacuum arc melting as processing technique while others used
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the vacuum induction melting process [21,22]. The justification behind using vacuum
arc melting is because of the high temperature (≤3000 ◦C) that can be realized, which is
enough to melt most of the metals composing these alloys (especially in HEAs). However,
alloys with low-boiling point elements pose a challenge with this processing technique.
Compositional control of such alloys become increasingly difficult owing to the possibility
of evaporation during melting [21]. The main constraint in the melting and casting route is
the development of heterogeneous microstructure. This is due to segregation caused by
the slow rate of solidification. Therefore, homogenization treatment needs to be performed
to reduce the effect of heterogeneity in the microstructure.

Also, although other studies successfully used the mechanical alloying route to fabri-
cate HEAs and TiAl-based alloys with uniform microstructure and homogeneous chemical
compositions, some inherent challenges of the technique include the production of only
small quantities of these superalloy powders at a time, unavoidable contaminations from
the grinding media and the high tendency of oxidation of the powders [23,24].

The inherent low ductility of TiAl alloys make their processing challenging at ambient
temperatures. HEAs, on the other hand, are difficult to machine owing to their high
strength and toughness [8,25]. Hence, fabrication of these potential superalloys through
the conventional methods are limited to simple shapes.

There is thus an opportunity to explore alternative techniques or preparation methods
which not only produce better quality and more similar products but are also more versatile
in terms of the range of product shape and size that can be obtained. Additive manufac-
turing (AM) is a flexible processing technique that in recent years has been used in the
fabrication of challenging materials such as HEAs and TiAl-based alloys. AM is a globally
recognised parts manufacturing technology capable of producing parts-on-demand with
reduced costs, consumption of energy and carbon emissions [26]. The laser powder bed
fusion (LPBF) technique is one example of the AM technology. Components fabricated by
LPBF exhibit minimal surface roughness and high dimensional accuracy. Typical cooling
rates of conventional melting processes are less than 100 K·s−1 whereas the LPBF process
reaches cooling rates up to 106 K·s−1 [27]. Therefore, LPBF offers the benefit of generating
refined grains and substructures within the grains, which enhances the overall mechanical
properties of produced parts. In addition, the LPBF technology boasts of an infinite geo-
metric freedom, variability, and versatility. It is used to fabricate functional prototypes and
cellular lightweight structures. These structures grant engineers the opportunity to tailor
the density and strength of products to meet specific applications [28,29], thereby making
the LPBF technology one of the most used processing techniques.

The present paper features an overview of the AM technology with focus on LPBF.
Two candidate superalloy materials (TiAl-based alloys and HEAs) rarely reported for
the LPBF process are considered. The paper further discusses the metallurgical sintering
processes of the LPBF technology, the effect of its process parameters on the densification,
microstructures, and mechanical properties of these materials.

2. Laser Powder Bed Fusion (LPBF)

The LPBF AM process makes use of a laser beam energy source to melt and fuse
powders in a layer-by-layer manner into a desired shape as illustrated by the schematic in
Figure 1. In the LPBF process, a powder bed is created by the deposition of powder across
a substrate (or platform). A computer-controlled electron or laser beam energy source sup-
plies thermal energy to the surface of the powder bed melting the powder into the desired
shape [26]. After the substrate is lowered by one-layer thickness. Additional powder is
then levelled across the substrate, and the process is repeated until a solid 3D component
form. Usually, the powders employed in the LPBF process are preheated to temperatures
below their melting point to promote bonding and minimize distortion of the finished
part. Additionally, the preheating tends to reduce laser power demands for the process.
The environment in which the process is executed is essential to minimize the tendency
of reactive powders oxidising. Thus, the LPBF process is usually performed in an argon



Metals 2021, 11, 58 3 of 37

inert gas-filled enclosed chamber. Some merits of the LPBF technology include [30–32]:
(i) the ability to form complex geometries owing to the geometric freedom of the processes,
(ii) efficient material usage, (iii) high solidification rates due to the local melting process,
(iv) finer microstructures, (v) mass customisation, (vi) material flexibility (vii) the ability
to produce internal orifices and high resolution features, and (viii) dimensional control.
Disadvantages of the LPBF process are [33]: (i) high residual stresses, (ii) high surface
roughness, (iii) high production cost, (iv) anisotropic properties (in general), (v) absence of
on-line quality control, (vi) manufacturing accuracy versus build duration, (vii) evacuation
of powder from small size channels are challenging.
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The laser power employed in the LPBF process is much higher than in laser sintering
processes. The LPBF was developed as an improvement of the selective laser sintering (SLS)
technology to attain high densities for functional metallic prototypes, parts, or tools [35].
Again, compared to SLS, LPBF does not require the addition of a low melting point element
to serve as a matrix during the process but instead utilizes the main metal powders.
Furthermore, LPBF offers a higher energy density compared to SLS to achieve bonding
of the powders. The higher energy density or laser power leads to complete melting of
the powders ensuring that near fully dense or fully dense parts are achieved without the
need for post-processing treatments [32]. This, on the other hand, assures reproducible
properties [35]. The process takes place in an argon (Ar) atmosphere to minimize oxygen
and nitrogen pickups.

The LPBF AM technology makes possible the fabrication of individual parts with
complex geometries comparable or surpassing the mechanical properties of parts con-
ventionally manufactured in series (such as in casting and cutting) [32,35]. In addition,
LPBF requires no part-specific tooling and pre-production costs when processing the
same materials in a series production like steels, nickel-, aluminium-, and titanium-based
alloys [35].

During the LPBF process, the transient interaction of the heat source and powder bed
caused by the high scanning speed of the laser beam culminate in rapid heating, melting
and subsequent drastic shrinkage (from 50% powder apparent density to ~100% density in
one step), and circulation of the molten metal driven by surface tension gradients coupled
with temperature gradients [32,36]. The resulting heat transfer and fluid flow affect the
size and shape of the melt pool, the cooling rate, and the transformation reactions in the
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melt pool and heat-affected zone. The melt pool geometry, in turn, influences the grain
growth and the resulting microstructure of the part [32,36].

The melting-solidification transformation during the LPBF process is accompanied by
substantial accumulated stresses. The development of residual stress from the melting and
cooling processes and high thermal gradients can lead to cracks, distortion, and delami-
nation of the final product. Usually, heat treatment by annealing may be used to reduce
the residual thermal stresses or optimize the microstructure of the fabricated products.
Additionally, in some cases, a post-processing (e.g., conventional machining or grinding)
step is necessary to attain a high dimensional accuracy or a high-quality surface finish of
the parts [37].

Also, the high energy level employed in the LPBF process can lead to vaporisation of
the powders. As powders are continuously exposed to the laser beam, their temperature
gradually increases and exceeds their melting temperature. An overheated powder particle
will tend to move rapidly, generating overpressure in the melted zone and eventually ejects
from the powder bed [38,39].

Moreover, melt instabilities owing to an excessive amount of energy density leads
to the phenomenon known as spheroidization or balling effect of the melt pool [38]. This
occurs when the molten powder has a low viscosity and is unable to fully wet the sub-
strate due to surface tension [38]. This causes the formation of isolated spheres with a
diameter equal to that of the focused laser beam [38]. The balling effect hinders deposition,
increases porosity, and affects the final density of the built part.

Therefore, optimization and careful selection of processing parameters for the laser
and powders deposition is paramount to achieve a suitable process window, in order to
attain a moderate temperature field to avoid the overheating of the LPBF system [40].

3. Effects of Process Parameters on the LPBF Process

Several processing parameters influence the densification mechanism and accompa-
nying microstructural features of materials processed by the LPBF AM technology. Table
1 lists some of the primary process parameters and materials properties essential to the
success of the LPBF process.

Table 1. LPBF process parameters and material properties influencing the processing and densifica-
tion [41].

LPBF Processing Parameters Materials Characteristics

Type of commercial equipment Particle morphology
Laser type Particle size and distribution

Laser power Chemical composition
Scan speed Absorptivity (or reflectivity)
Scan radius Melting temperature

Scan Hatch spacing Specific heat
Scan vector length Thermal conductivity

Layer thickness Viscosity
Processing environment Surface tension

Gas flow Emissivity
Heaters (bed temperature) Component ratio

Scan strategy Boiling point

Most metallic powders considered for the LPBF process are usually reactive. The
higher surface area per unit volume of metallic powder particle surfaces compared to cast
components means they have a greater susceptibility to contamination by adsorbed gases,
moisture, oxide and nitride films and organics [41]. These contaminants result in insuffi-
cient wetting of the preceding layer and surface tension, thus hampering continuous melt
lines or interlayer bonding and densification [42]. Consequently, the contaminations, cou-
pled with thermal stresses lead to poor interlayer bonding, delamination, rough surfaces,
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degradation of mechanical properties, and part geometry of the LPBF built component [43].
Thus, various approaches have been utilised by different LPBF researchers to circumvent
or mitigate contaminations and their attendant effects. Some include [38]:

• executing the process in a vacuum or protective atmosphere (in high purity inert gases
such as argon or nitrogen) to slow down or render the oxidation process inactive

• alloying additions to disrupt formed surface oxide films
• optimizing processing parameters to minimize the balling phenomenon
• re-scanning of the underlying substrate to break up oxide films to ensure a clean

surface at the atomic level between the liquid and the solid

The properties of parts fabricated by LPBF technology depend strongly on the proper-
ties of each single track and each single layer. The characteristics of track instability are
influenced by the substrate material, laser beam power, scanning speed, powder layer
thickness, physical properties and granulomorphometry of the powder used. Thus, opti-
mization of the primary process parameters provides essential information in evaluating
and understanding the features of a scan track.

3.1. Laser Types

The neodymium-doped yttrium aluminium garnet (Nd:YAG) and carbon dioxide
(CO2) industrial lasers are historically, the two most used lasers in LPBF processing of
metallic powders [44]. The main difference between the two lasers is their respective
wavelengths [44]. Various applications in the past years preferred Nd:YAG lasers over
CO2 lasers. As exemplified in Table 2, the absorptivity of most metals or metal matrix
composites (MMCs) is higher with the shorter wavelength of the Nd:YAG lasers compared
to the CO2 lasers at equivalent scanning speed and penetration depth [45].

Table 2. Absorptivity of metallic powders to CO2 and Nd:YAG laser radiation [37,41].

Material CO2 Laser
(λ = 10.6 µm)

Nd:YAG Laser
(λ = 1.06 µm)

Cu 0.26 0.59
Fe 0.45 0.64
Sn 0.23 0.66
Ti 0.59 0.77
Pb - 0.79

Cu-10Al (wt.%) 0.32 0.63
Co-alloy (1% C; 28% Cr; 4% W) 0.25 0.58

Ni-alloy I (13% Cr; 3% B; 4% Si; 0.6% C) 0.64 0.42
Ni-alloy II (15% Cr; 3.1% Si; 4%; 0.8% C) 0.72 0.51

Fe-3C-3Cr-12 V + 10TiC (wt.%) 0.39 0.65
Fe-0.6C-4Cr-2Mo-1Si + 15TiC (wt.%) 0.42 0.71
Fe-1C-14Cr-10Mn-6Ti + 66TiC (wt.%) 0.44 0.79

It is envisaged that the energy efficiency of the LPBF process stands to improve
as laser technology advances. In recent years, the ytterbium (Yb) doped fibre lasers
are used as substitutes for Nd:YAG lasers in most AM applications. The Yb-fibre laser
has an operational wavelength of 1.07 µm, capable of generating power up to 10 kW,
energy efficiency of 10-30% and maintainance free for about 25,000 h [46]. Compared to
other commercial lasers, the Yb-fibre laser offers some advantages such as a high electrical-
to-optical efficiency (−25%), excellent beam quality and system compactness [47]. The
shorter wavelength of the Yb-fibre laser beam permit light transmission through optical
fibre cables instead of the articulated mirror delivery system employed for CO2 laser [48].
Hence, both the Yb-fibre and Nd:YAG laser beams can be easily guided with the laser
source remotely from the LPBF workstation.
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In addition, the optical fibre delivery system offers an avenue to deliver a light beam
from a single laser source to multiple workstations. Thus, multiple processing operations
can be simultaneously achieved with a single Yb-fibre laser source through the multifibre
beam delivery [48]. LPBF processing with a Yb-fibre laser beam yields a more stable and
slightly larger scan track compared to a CO2 laser beam [49]. Consequently, the wider
Yb-fibre laser beam profile provides the ability to scan large tracks while maintaining
the LPBF build quality and speed, which culminates to more uniform scan tracks with
little or no porosity [49,50]. Again, compared to CO2 laser, the Yb-fibre and Nd:YAG
lasers can operate at lower scanning speeds owing to the reduced interaction among
beam, plasma and powder bed thereby allowing increased powder’s layer thickness to be
melted [51]. Nonetheless, the Yb-fibre lasers are limited by the light propagation through
the optical fibre. The optical fibre guiding medium affects the non-linear properties of
the propagated light. The optical non-linear effect owing to the high peak power (some
examples include Kerr lens effect, Raman effects, self-focusing and self-phase modulation)
can limit the performances of the laser [46,52]. Additionally, the occurrence of fibre bending,
vibration, and temperature variations leading to alterations in polarization can significantly
influence the laser output [53]. Therefore, polarization maintaining optical fibres are usually
suggested as the gain and light guiding medium for improved environmental stability [46].

3.2. Effects of Processing Parameters on LPBF (Laser Power, Beam Size, Scanning Speed, Scan
Hatch Spacing and Powder Layer Thickness)

Figure 2 illustrates the process parameters usually studied and optimized for the LPBF
process. The LPBF process is heat-driven. The laser energy input, which is the source of
heat for the consolidation of the powders, is a paramount factor of the LPBF process. It
determines the state of the molten powder, including melting state, vaporization state and
sintering state.
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When the laser ray touches the powder particles’ surfaces, heat is generated and
diffuses inward. A combination of low laser power and low scanning speed results
in insufficient energy density to generate adequate liquid phase for binding particles
together. This culminates in partial melting (SLS) leading to poor densification. Increasing
laser energy at low scanning speed means more energy is delivered to the powder bed,
causing the powder temperature to increase, followed by a significant amount of melting
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and formation of more liquid phase. The presence of adequate liquid phase improves
densification owing to the reduction of surface free energy which leads to the instability
of the liquid semi-cylinder. Therefore, it can be inferred that appropriate increments
in the laser energy input lead to high working temperature, which eventually reduces
both melt viscosity and surface tensions [41]. Moreover, the high working temperature
promotes material transport due to the development of connective streams within the
molten pool during the laser sintering process. This results in the reduction of the sizes and
number of inter-agglomerate pores, hence achieving fully dense components. Nonetheless,
according to Olakanmi et al. [54], at low scan rates with relatively high laser power,
there exists an optimum laser energy density at which the wettability of the liquid-solid is
most successful, such that the structural particles in the liquid are most suitably re-arranged
to achieve higher sintered density. The increase in laser energy density after the optimum
leads to decreased sintered density. In this condition, the higher laser power generated
increases the quantity of liquid phase, but the reduced scan speed causes substantial
increment in its lifetime, thereby promoting spheroidization and breakdown in the melt
pool. The reduced sintered density in this case is attributed to significant aggregation of
the structural particles. On the other hand, a high laser power with a low scanning speed
may culminate in extensive material evaporation and the keyhole effect [55]. Similarly,
Yuan et al. [56] showed there exists a scanning speed threshold beyond which the sintered
density of materials also tend to decrease.

A combination of low laser power, high scanning rates and large layer thickness
usually also culminate in insufficient energy [54]. This is because in this condition, not only
is the laser energy produced low but also the high scanning rates means decreased inter-
action time. Thus, under high scanning speed and low laser power, the dimension of the
formed molten pool will be too small, limiting the contact area between the molten pool
and the substrate. This leads to lack of wetting, flowing, spreading characteristics and a
corresponding balling phenomenon [57].

In addition, a thin powder layer thickness is favourable for scan track continuity and
the overall success of the LPBF process. With a larger thickness, the layer energy absorbed
in a unit powder volume is inadequate; hence the temperature of the molten pool is low,
resulting in a weak flow ability and balling phenomenon [57]. Furthermore, although a
bigger layer thickness can enable a big molten pool, the formed molten pool will be far
away from the substrate, leading to a relatively small contact area between the molten pool
and substrate. In this condition, the small wetting area may not support a big molten pool;
thereby, the molten track will tend to break up into balls [57].

The use of greater laser power and scanning speed increase the efficiency of the LPBF
process. With the increase of the beam scanning speed, heat loss by conduction decrease,
and the absorbed laser radiation energy goes directly into fusing the material [58]. Hence,
the width of the scanned tracks is comparable to the laser beam diameter [59].

Poor scan hatch spacing often results in regular porosity in built parts as adjacent
melt lines do not fuse completely. The pores typically initiate at the single-layer level
and are two scan tracks apart [60]. They can be eliminated by appropriately overlapping
the neighbouring scan tracks. Increasing scan overlap reduces the melt pool depth or
penetration leading to less bonding between layers. Nonetheless, Thijs et al. [60] suggested
adjusting the scan hatch spacing to create a 25% scan overlap as a means of circumventing
pores formation, which also leads to improved density.

3.3. Effect of Laser Scanning Strategy on the Densification Mechanism

A scanning strategy is a way of building up material layers by systematically de-
positing the materials. This includes the scanning directions and the arrangement of the
scans sequence. The scanning strategy affects the allowed cooling time of fused layers
and the overall material properties of the component. It also can be used to control grain
orientations and microstructural texture [60]. When the powder fusion process moves from
a single bead to a layer, scan spacing in overlapping beads and scanning patterns are some
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of the essential factors considered. For instance, Su et al. [61] studied the influence of four
different scanning strategies and scan spacings (Figure 3) on the building of components
with overlapped beads.
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The four different scanning patterns and scan spacings resulted in different processing
durations, deposited layer thickness and surface features. Pattern 3 produced a wavy
surface with superior deposited layer thickness, whereas patterns 1 and 2 showed minimum
deposited layer thickness with an undesirable uneven surface finish. Dewidar et al. [62]
also tested three scanning strategies, namely standard, diagonal and perimeter scanning for
fabricating single layers as depicted in Figure 4. The standard and diagonal scan patterns
produced coherent and uniform layers, whereas the perimeter scanning was less successful
with distortions during the build.
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Another laser scanning strategy employed is the “island” scanning strategy [63–65].
In this strategy, the 2D shape of the build is divided into squares forming a checkerboard
pattern (Figure 5). Each of the squares (“islands”) is then selectively melted in random
order. Within each of the “islands”, simple alternating scan vectors are used with the
spacing between these vectors defined as the “scan spacing” and the speed with which the
laser spot moves across the surface defined as the “scan speed” [65]. This strategy reduces
overall residual stress within the final component [66]. Additionally, this scanning strategy
influences the microstructure of the built part and also leads to the formation of several
cracks due to the band heating effect of the “islands”. Hence a post-processing treatment is
needed to close the cracks.
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Furthermore, the inter-layer stagger scanning strategy, also known as the refill strategy,
has been utilized by some researchers [67–69]. This strategy of scanning has been touted
to improve quality, porosity, and bonding strength between layers of built components.
Su and Yang [70] utilized this scanning strategy with the aim of attaining a uniform
distribution of energy input. The authors identified three track overlapping regimes capable
of producing a continuous track. They include the intra-layer overlapping regime, inter-
layer overlapping regime and mixed (inter- and intra-) overlapping regime (Figure 6). A
high relative density was achieved with the inter-layer overlapping regime when the track
space was smaller (<0.2 mm) at the specified process parameters. Similarly, Di et al. [71]
also achieved dense and smooth surface parts with scan spacing less than 0.12 mm (i.e.,
overlapping rate at around 30%) with the inter-layer stagger strategy based on regular-
and thin-shaped tracks. Although, Su and Yang [70] focused primarily on track space
without giving much attention to other process parameters such as laser power, Di et al. [71]
studied and discussed the influence of heat accumulation effect on parameters optimization
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(scanning power and speed) in a single track, multi-track and multi-layer fabrication of the
built part.
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Additionally, the inter-layer stagger scanning strategy can repair defects of previously
scanned layers by scanning the next layer at an offset in order to scan track overlapping
zones [68]. This leads to stronger bonds between layers and fabrication of dense parts.

Usually, the inter-layer stagger strategy is combined with the orthogonal scan strategy
to reduce residual stresses and part porosity [69,71,72]. The orthogonal scan strategy
involves the scanning of successive layers orthogonal to each other.

Other scan strategies that have been employed in LPBF building of various alloys
as illustrated in Figure 7, include the unidirectional or bidirectional scanning strategies.
The scanning vectors and consecutive layers in these scan strategies are rotated at 67◦,
90◦ (orthogonal) or 180◦ (N + 1) with the intention of increasing the homogeneity of
energy input.
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The re-scanning or re-melting strategy has also been used in the LPBF processing
of some materials. As the name suggests, this scanning strategy involves the re-melting
of already scanned layers of a component or only for the top surface. The re-scanning
parameters may vary from the first scan parameters. Therefore, re-scanning parameters also
need to be optimized to be useful during the LPBF process. Kenel et al. [76] demonstrated
that re-scanning at a rotation of 90◦ reduced cracking by a factor of two and was superior
to parallel re-scanning in the fabrication of oxide dispersion strengthened γ-TiAl alloys. In
addition, Rashid et al. [77] employed a re-scanning strategy where the scan hatch spacing
was halved in the fabrication of 17-4PH stainless steel parts. The authors observed an
increase in the density of the parts from the re-scanning strategy used. The re-scanning
strategy in the LPBF process allows the deposition of a higher energy density compared
to a one scan strategy [76]. Many studies have shown the advantages of using the re-
scanning strategy, which include improving density [78], enhancing surface quality [78,79],
increasing wear resistance [80], and releasing of entrapped gases [50].

In essence, according to Kruth et al. [42], the type of scan strategy used and the
geometry of the part to be built influence the induction of internal stresses owing to the
temperature gradient. The authors observed that if the area to be scanned is small, a short
scan length normally occurs thereby leaving little time for cooling of the surface before
the next track is scanned, thus resulting in high temperature. In the case of larger areas,
the laser beam travels a longer distance, meaning successively scanned tracks have more
time to cool down, resulting in a lower temperature over the scanned area. The lower
temperature over the scanned area leads to poor wetting conditions causing a reduction in
the material density because of the larger heat sink between the solidified material and the
loose powder.

3.4. Effects of the Atmosphere on the LPBF Process

The inert environment used in the LPBF process, just as in the case of most laser
processing operations, serves as a shielding gas of the molten metal against mostly oxygen
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in the atmosphere. The shielding gas in the LPBF process protects metal powders from
oxidation and provides a means to remove the ejected powders. Hence, the efficiency of
the shielding gas is one of the essential factors in the LPBF process to attain better quality
products. Porosity and surface roughness of built parts are two indicators for assessing the
quality of products.

The inert gas flow delivery method across the build platform in the LPBF process,
as indicated by Ferrar et al. [81] can significantly influence the quality and reproducibility
of components across the build area. The porosity of LPBF built parts can be enhanced
when the gas flow is highly uniform [81]. Primarily, the gas flow is used to maintain the
needed inert atmosphere during processing. However, a secondary function of the inert
gas flow is to remove any process by-products such as spatter, condensate, and welding
fumes from the path of the laser. These by-products may affect the laser beam properties
such as energy, spot diameter and intensity profile at the powder bed [82]. Some modes of
gas delivery into the build chamber include an annular flow system that delivers gas in a
downward motion circumferentially employed by EOS and a linear gas rail system that
directs the gas from one side of the build chamber to the other used by MTT SLM250 and
MTT ReaLizer SLM250 [81,82].

Argon (Ar) gas is the most preferred inert gas for the LPBF process. Argon is generally
known to be denser than air and as a shielding gas for the LPBF process, capable of
stabilizing the molten pool depth and reducing spatter [83]. The depth of the molten pool
is significantly affected by heat conduction and the resultant recoil pressure caused by the
evaporation of the metal during the LPBF operation. Masmoudi et al. [84] investigated the
interaction zone of the laser-powder-atmosphere during the LPBF process. The authors
asserted that by adjusting the pressures of the shielding gas, the volume of the evaporated
material could be controlled. The authors pointed out that at relatively high pressure, the
argon shielding gas narrows the evaporated material into a smaller volume leading to
improvement in density and a decrease in propagation speed. Similarly, Dai and Gu [85]
reported that the use of Ar as a protective atmosphere in the LPBF process causes the vector
direction of the evaporated materials to be typically upwards resulting in a uniform recoil
pressure exerted on the melt pool surface. This leads to the improvement of surface quality,
morphology, and relatively dense fabricated parts.

In all, the protective atmosphere used for the LPBF process plays a crucial role in the
complex hydrodynamics of the molten pool, motion direction and velocity field of the
evaporation of materials. These factors, thus, influence the surface quality and densification
of components.

3.5. Effects of Powder Characteristics on the LPBF Process

LPBF process parameters, together with the powder energy absorption from the
laser irradiation, affect the volumetric energy density (VED) obtainable to heat and melt
powders. The ratio of the energy flux absorbed by the material to the energy flux incident
upon the material defines the powder absorptance. The absorptivity of a powder layer
depends not only on the physical and chemical properties of the powder material but
also on granulomorphometry and apparent density of the powder [59]. Powder materials
have significantly higher absorptance compared to the bulk materials irrespective of the
type of laser. Some examples include ATi bulk = 0.3, AFe bulk = 0.36, ACu bulk = 0.02 while
ATi powder = 0.77, AFe powder = 0.64 and ACu powder = 0.59 at λ = 1.06 µm [45,59].

Materials properties such as heat capacity, heat conductivity, latent heat, among others
listed in Table 2 significantly influence the LPBF process during the heating, melting and
densification of the components.

The effect of powder particle size and distribution is seen of less importance in
the LPBF process because all particles interacting with the laser beam melt completely.
However, powder size and powder distribution can influence the LPBF process parameters
required for a specific material. For instance, Bourell et al. [64] suggested that for smaller
sized 316L stainless steel powder, a low laser energy intensity is needed to achieve near
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fully dense parts (~99%). Additionally, powders with a narrow range of particle size exhibit
better flow and produce parts with improved qualities such as surface finish, hardness,
and mechanical properties.

The granulomorphometry of powders used for the LPBF process is usually spherical
with smooth surfaces and exhibit low surface oxidation. These characteristics allow for
good powder flow properties and reduced levels of contamination prior to handling and
processing [62].

4. LPBF of TiAl Alloys

The LPBF AM technique has been used in fabricating TiAl alloys [76,86,87]. However,
the LPBF fabrication of TiAl alloys is still challenging compared to the electron beam
melting (EBM) process. EBM has received more focus on the manufacturing of TiAl-based
alloys [88,89]. This is mainly because of the high preheating system used in EBM [90]. In
the EBM technology, the powder bed remains at high temperature (about 1000 ◦C) due
to the preheating system, which lowers the thermal gradient and residual stress. The
decreased thermal gradient and thermal stress lead to the successful building of crack-free
TiAl-based alloys [91,92]. In addition, having the powder bed at high temperature during
the EBM process is an added advantage since TiAl-based alloys have low room temperature
ductility and fracture toughness. TiAl-based alloys exhibit brittle-to-ductile transition at
temperatures of 700–800 ◦C [93]. However, the EBM process lacks dimensional accuracy
because of the dimensions of the molten pool [89]. Post-processing treatments such as
machining become difficult due to the complex geometries of parts and also culminate in a
waste of material [94]. As a result, the current research of AM manufactured TiAl alloys
focuses on LPBF because of the high dimensional accuracy of the process.

The successful building of relatively dense (>99%) and crack-free parts of TiAl-based
alloys using the LPBF process have been reported [95,96]. The heating of the substrate plate
mitigated the effect of residual stress and increased the tendency of achieving crack-free
TiAl-based parts. By preheating of the substrate plate and subsequent slow cooling after
completion of the LPBF process reduced the temperature gradient between the solidifying
layers and the lower parts of the built samples [95] leading to a decrease in residual thermal
stresses.

Both LPBF and the EBM manufacturing technologies experience Al loss after process-
ing. Lightweight elements such as Al evaporate during high vacuum processing [92]. The
usage of high laser power for the LPBF process is associated with significant overheating,
leading to Al evaporation [97]. The evaporation of Al results in compositional variations
and inhomogeneous microstructure in the alloy [91]. Moreover, Al loss in TiAl alloys is
undesirable since it influences the phases likely to form and the overall properties and
performance of the alloy.

Phase Transformation and Microstructural Evolution of LPBF Built TiAl Alloys

For structural applications, TiAl-based alloys exhibiting dual (α2 + γ) phases are
usually preferred. This is because of the flexibility in controlling the proportions and distri-
bution of the formed phases [1]. However, formed grain morphology differs and is highly
influenced by the alloy composition, fabrication or heat treatment temperature, cooling rate
and stabilization temperature and time. Compared to the γ-phase, the α2-phase has a lower
density and provides the alloy with good high-temperature strength, impressive creep
resistance, higher fracture toughness and crack propagation resistance [3,98]. The γ -phase
is responsible for the excellent oxidation resistance and high strength and modulus [3,98].

Four different classifications of microstructures characterise the dual-phase TiAl alloys,
as shown in Figure 8. They include the fully lamellar (FL), near lamellar (NL), the duplex
microstructures (DM) and the near gamma (NG).
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Figure 8. Midsection of the binary Ti-Al phase diagram and representative microstructures obtained through heat treatments
within the α- and (α + γ)-phase field. Note that the left half of the microstructural image represents a light-optical microscope
(OM) image, whereas the right half is an SEM image taken in BSE mode, i.e., γ-TiAl appears dark, whereas α2-Ti3Al shows
a light contrast. Heat treatments: little above the eutectoid temperature (Teu) → near gamma (NG) microstructure;
between Teu and α-transus temperature Tα → duplex (DM) microstructure. The volume fraction of lamellar grains depends
on the heat treatment temperature relative to (Teu) and Tα; just below Tα → nearly lamellar (NL) microstructure. The
designation NL γ stands for a NL microstructure exhibiting a defined volume fraction of globular γ-grains, above Tα→ FL
microstructure [99].

According to the phase diagram in Figure 9, the phase transformation of TiAl alloys
during the LPBF process can be summarized as [100,101]:

L→ L + β→ β + α→ α + γ + β→ α2(Ti3Al) + γ(TiAl) + B2 (1)
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The phase transition during solidification involves a peritectic reaction L + β→ α ,
two eutectoid reactions α→ α2 + γ and α2 → α2 + γ , and two ordering transformations
of α→ α2 and β→ B2 . The LPBF process parameters significantly influence these phase
formations. For instance, Li et al. [103] with process parameters of 200 W laser power (P),
100 µm scan line hatch spacing (h), 30 µm powder layer thickness (d) and a 90◦ rotation
angle between two consecutive layers scan strategy studied the effect of laser scanning
speed (V) on a Ti-45Al-2Cr-5Nb (at.%) alloy. The increase in laser scanning rate results
in lower energy density input, which shortens the duration time of the liquid phase and
limits the peritectic reaction L + β→ α . In addition, high laser scanning speed induces the
disorder-order transformation of β→ B2 and therefore allows the increase in the content
of the B2 phase with increasing scanning speed.

Furthermore, the increase in the laser scanning speed stimulates the eutectoid re-
action rates of α→ α2 + γ and α2 → α2 + γ . This is attributed to the sensitive rate of
the eutectoid reactions to the cooling rate of the LPBF process. With increasing scanning
speed, the content of α2 phase in the TiAl alloy decrease while the γ and B2 phases in-
crease. On the one hand, the accelerated eutectoid reaction α→ α2 + γ and disorder-order
transformation α→ α2 due to the high scanning speed means the content of α2 phase will
tend to increase [103]. Conversely, owing to the eutectoid reaction α2 → α2 + γ and the
inhibited peritectic reaction L + β→ α , the content of the α2 phase tends to reduce with
increasing scanning speed. As the α2 phase transforms from the single α-phase region, the
reduced content of the α dominated phase results in the decreased content of the α2 phase,
which is more than the increased content of α2 phase by the eutectoid reaction α→ α2 + γ
and the disorder-order transformation of α→ α2 [103]. Additionally, the γ-phase content
increase with increasing laser scanning speed because of the stimulated eutectoid reactions
α→ α2 + γ and α2 → α2 + γ . The content of the α2 phase further decreases due to the
α2 → α2 + γ reaction.

Different TiAl alloys have been built using the LPBF technique with varying process
parameters and equipment, resulting in varying microstructures, as shown in Table 3.
Gussone et al. [104] used an 80 W laser power, a scan speed of 450 mm·s−1, 100 µm
hatch spacing and a layer thickness of 30 µm to fabricate a Ti-44.8Al-6Nb-1.0Mo-0.1B
(at.%) alloy. With preheating the base plate to 800 ◦C before building, the alloy exhibited
a very fine irregular near-lamellar microstructure (γ and β/β0 decorating α2/γ colony
boundaries) as depicted in Figure 10a. In addition, as shown in Figure 10b,c, a near-lamellar
β microstructure was observed perpendicular to the build direction of a beta-solidifying
TNM-B1 alloy of composition Ti-28.9Al-9.68Nb-2.26Mo-0.024B wt.% fabricated using LPBF
by Löber et al. [96]. The process parameters employed included a 100 W laser power,
scanning velocity of 50 mm s−1 for the volume contour, laser power 175 W and scanning
velocity of 1000 mm.s−1 for the outer contour, a 300 µm hatch spacing, a layer thickness
of 75 µm and a stripe hatching scanning strategy. Ismaeel and Wang [87] used a laser
power of 2.0 kW, 3 mm laser beam diameter, scanning speed of 2.5 mm s−1, 30% scan
overlap, powder feed rate 3.0 g min−1, an argon flow rate 7.0 L.min−1 and a cross-hatching
scan strategy process parameters to study the effect of Nb additions on the microstructure
and properties of γ-TiAl based Ti-48Al-2Mn-(3-7)Nb (at.%) alloy built using LPBF. The
microstructure of the fabricated alloys evolved from a near full dendrite to a near lamellar
structure with increase in Nb additions. The alloys consisted of α2(Ti3Al) and γ(TiAl)
phases with the morphology of the α2(Ti3Al) phase changing from an irregular shape
to a fine-lath shape when Nb contents reached 5.0 at.% (see Figure 10d). Li et al. [100]
assessed the effect of energy density input on the grain orientation, crystallographic texture
and phase evolution in an LPBF-processed Ti-45Al-2Cr-5Nb (at.%) alloy. The process
parameters used were a scan speed of 500 mm s−1, a hatch scan spacing of 100 µm, a layer
thickness of 20 µm and varying laser power and respective energy densities of 250 W
(250 J mm−3), 300 W (300 J mm−3), and 350 W (350 J mm−3). The long bidirectional
scanning vectors scanning strategy with a 90◦ rotation between consecutive layers was
used in the study. The built Ti-45Al-2Cr-5Nb (at.%) alloy, from the top view, exhibited
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equiaxed microstructures and columnar grains from the front or side view. Additionally,
three different regions (fine equiaxed grain zone, transitional zone and coarse equiaxed
grain zone) were observed across the molten pool as depicted in Figure 10f–h. The moving
heat source, increased thermal gradients, and different growth rates over the molten pool
explained the occurrence of varying zones.
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Figure 10. SEM micrographs of LPBF as-built condition showing (a) a very fine irregular near-
lamellar structure (γ and β/β0 decorating α2/γ colony boundaries) [104], (b,c) near-lamellar β

microstructure of a TNM-B1 alloy [96], (d) a fine lath-shaped α2-Ti3Al phase in a Ti-48Al-2Mn-5Nb
(at.%) alloy [87], (e) microstructure (high magnification) of Ti–45Al–2Cr–5Nb observed from the top
view. The characterisation of Ti-45Al-2Cr-5Nb alloy was distinguished into (e) three regions. The
local amplification of A, B, C regions were indicated in (f–h), respectively [100].
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Table 3. Composition, phases, processing parameters, relative density, and microstructure for LPBFed TiAl-based alloys.

TiAl-Based Alloy Composition (at.%) Phase Composition
LPBF Process Parameters

Reported Relative
Density Microstructure Reference

Laser Power (W) Scanning Speed
(mm·s−1)

Hatch Scan
Distance (µm)

Layer
Thickness (µm) Scan Strategy

Ti-48Al-2Cr-2Nb α2 + γ 90

600 90

60 90◦
93% ± 2%

Lamellar [33]0 90 77% ± 2%
1000 80 84% ± 3%
1400 80 78% ± 4%

Ti-47Al-2Cr-2Nb α2 + γ

200 20 -

100

- 98.95% - [105]
0.3

cross scanning

94.1%

Near-lamellar [106]
30 0.25 94.3%

250 30 0.3 92.5%
40 0.25 93.4%

300 40 0.3 89.3%
50 0.25 91.0%

Ti-47Al-2Cr-2Nb γ (as built); α2 + γ
(after heat treatment) 50 50 160 - - -

mixed (as built);
duplex or fully
lamellar (after

heat treatments)

[86]

Ti-44.8Al-6Nb-1.0Mo-0.1B α2 + γ + β/β0 80 450 100 30 cross-hatching scan strategy
with zigzag scan vectors mixed [95,104]

Ti-45Al-2Cr-5Nb α2 + γ + B2

250
500 100 20

long bidirectional scanning
vectors with 90◦ rotation

between consecutive layers

97.18%

mixed [100]300 -
350 -

200

400

100 30

- [101]
500 92.25%

equiaxed

[103]600 91.79%
700 91.33%
800 90.68%

Ti-45Al-2Cr-5Nb + (0 wt.% TiB2)
α2 + γ + B2 + TiB2 300 800 100 30

93.44%
[107]Ti-45Al-2Cr-5Nb + (1 wt.% TiB2) 92.18%

Ti-45Al-2Cr-5Nb + (2 wt.% TiB2) 91.33%
Ti-45Al-2Cr-5Nb + (3 wt.% TiB2) 85.16%

Ti-28.9Al-9.68Nb-2.26Mo-0.024B wt.% α2 + β 100 50 300 75 stripe hatching 99.0% fine grained
nearly lamellar

[96]175 1000
Ti-45Al-8Nb - 180 550 120 30 - 98.70% - [108]
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5. LPBF of HEAs

Currently, there are two groups of HEAs identified and extensively researched for high-
temperature use. They include HEAs consisting mostly of 3d transition elements usually
Co, Cr, Cu, Fe, Mn, Ni, Ti and V [109]; and refractory HEAs [110] containing refractory
elements such as W, Ta, Hf, Nb, Zr and Mo. The most widely studied potential high entropy
superalloys (HESAs) are the AlxCrFeCoNi system [111], and the CoCrMnFeNi [112] also
referred to as Cantor alloy.

Nickel-based superalloys (NBSAs) are the most used materials for high-temperature
applications. Their useful high-temperature properties result from the precipitation of the
γ′ phase (L12 ordered face centred cubic (FCC) phase). However, NBSAs possess a high
density (~8.5–9.0 g.cm−3) because of its solvent metal Ni [113]. The possible substitution of
Ni with lightweight elements could lead to a reduction in density and cost. The develop-
ment of HESAs aims to mimic the microstructure of NBSAs. The alloys exhibit a disordered
γ phase with an FCC structure mostly serving as a matrix phase and an ordered γ′ pre-
cipitate phase exhibiting an L12 structure. For example, Yeh and co-workers developed
HESAs based on non-equimolar AlCoCrFeNiTi system composing of an FCC γ matrix
with uniformly dispersed L12 γ′ particles [114,115]. Manzoni et al. [116] optimized the Al-
CoCrCuFeNiTi system and achieved a promising Al10Co25Cr8Fe15Ni36Ti6 alloy, which also
exhibits microstructural features analogous to the NBSAs. Tsao et al. [117] fabricated
two HESAs Ni42.7Al7.8Co20.6Cr12.2Fe11.5Ti5.2 and Ni40.7Al7.8Co20.6Cr12.2Fe11.5Ti7.2, which,
after solution heat treatment, formed microstructures like conventional NBSAs.

Four fundamental hypotheses influence the remarkable high-temperature properties
of prospect HESAs. They include the high entropy effect, sluggish diffusion effect, severe
lattice distortion effect and the “cocktail” effect [118]—also known as rule-of-mixtures [119].
Configurational entropy (∆Scon f ), mixing enthalpy (∆Hmix), atomic size difference (δ)
and valence electron configuration (VEC) indicate the probability of phase(s) formation,
their relative stability and the final microstructure of the alloys [21]. The sluggish diffusion
kinetics in HESA promote the formation of nanostructures, high-temperature strength and
an impressive high-temperature structural stability [120]. Additionally, unlike conventional
alloys, HEAs are baseless; thus, the different atomic sizes of the elements making up the
compositionally complex alloys lead to lattice distortions. The attendant lattice strains
increase the strength and hardness of the alloys [120]. On the other hand, the cocktail
effect highlights the possibilities of attaining exceptional HESA properties through the
synergistic mixture and interactions of the unique attributes of the individual elements
composing the alloy [118].

Microstructures of LPBF-Built HEAs

The LPBF AM process has been used in the fabrication of different potential
HESAs [121–124]. Most of these LPBF fabricated alloys, as summarized in Table 4, ex-
hibit an FCC crystal structure after processing.



Metals 2021, 11, 58 19 of 37

Table 4. Composition, lattice structure, processing parameters, relative density, and microstructure for LPBFed HEAs.

HEA Composition Lattice Structure
LPBF Process Parameters

Reported Relative Density
(or Max Density Achieved) Microstructure Reference

Laser Power (W) Scanning Speed
(mm·s−1)

Hatch Scan
Distance (µm)

Layer Thickness
(µm) Scan Strategy

CoCrFeNiMn

FCC 240 2000 50 40 - 99.2% - [121]
FCC 200 - 125 60 unidirectional 99.29% columnar [123]
FCC 240 2000 50 40 90◦ 99.2% mixed [125]FCC 240 2500 50 40 90◦ 97.1% mixed
FCC 280 800 60 30 Chessboard pattern 7.89 g·cm−3 columnar [126,127]
FCC 160 1200 50 30 0◦ , 67◦ , 90◦ - columnar [124]

FCC + tetragonal σ 400 2000 90 30 67◦ 98.2% mixed [128]

CoCrFeNi
FCC 200 740 40 40 67◦ 99.71% ± 0.25% mixed [129]
FCC 200 300 - 20 - - - [122]

FCC 150 270 100 50 chessboard and
stripe/bi-directional 98.7% columnar [130]

Co1.5CrFeNi1.5Ti0.5Mo0.1 SC + FCC 160 650 100 40 - 99.3% columnar [131]

(CoCrFeMnNi)99C1
FCC + Mn-rich oxide and

sulfide, Cr-rich carbide
90 600 80 25 180◦ with raster

scanning pattern
- mixed [132]

90 200 80 25 - columnar [133]
CoCrFeNiC0.05 FCC 400 800 110 50 67◦ 99% - [134,135]

CoCrFeNiSi1.5 FCC 197 - 41 40 67◦ 99.01 ± 0.11 mixed [136]133 - 97 40 99.85 ± 0.13
AlCoCrCuFeNi FCC + BCC 300 1600 90 40 67◦ 7.08 g·cm−3 mixed [73]

AlCrCuFeNix (x = 2.0, 2.5, 2.75,3.0) FCC + BCC (B2) (of nanoscale
lamellar or cellular structures) 200 400 80 20 90◦ >99.7% mixed [137]

AlCrCuFeNi BCC (containing B2 + Cu-rich
nano precipitates) 300 600 80 40 90◦ >99.7% columnar [74]

Al0.5Cr0.9FeNi2.5V0.2 FCC + L12 140 900 50 30 67◦ 99.88% mixed [138]
Al0.3CrFeCoNi FCC 160 1100 45 25 67◦ 99.9% columnar [139]
Al0.5CrFeCoNi FCC 400 1600 90 40 67◦ - mixed [140]
AlCoCrFeNi BCC + B2 98 2000 52 20 67◦ - equiaxed [141]
AlCoCrFeNi BCC + B2 400 1000 90 40 67◦ 98.4% mixed [142]

Fe49.5Mn30Co10Cr10C0.5 FCC 180 1000 55 40 67◦ - mixed [125]
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The LPBF produced microstructures of these potential HESAs are usually hierarchical.
The hierarchical microstructures are achieved because of the nature of fabrication of the
alloys, which involve the layer-by-layer deposition, connection of melt pools, rapid cooling
rate, and non-equilibrium solidification [143]. The built LPBF-HEA microstructures are
typically mixed and consist of hierarchical features such as melt pools, columnar grains,
cellular structures, dislocations and precipitates [143]. The process parameter optimization
affects the hierarchical heterogeneous microstructures. The laser beam diameter and pow-
der layer thickness closely correspond to the width and height of formed melt pools [125].
The melt pools are typically semi-elliptical and emerge from the radial flow of heat away
from the centre [125]. Furthermore, as an inherent feature of LPBF processing, columnar
grains form along the build direction. The preferred grain orientation in the build direction
results from the remelting under the repeated deposition of metal [27]. As observed by
Piglione et al. [123] the preferred growth direction tend to align with the direction of maxi-
mum heat flux in the melt pool region (i.e., the direction perpendicular to the fusion line) as
depicted in Figure 11. Existing grains then grow epitaxially owing to the fast cooling rates
and induces columnar grain growth, and grain selection through competitive growth [123].
The effects of the melt pool shape and temperature gradient on crystallographic texture
can be influenced by the LPBF processing parameters. In this regard, Peyrouzet et al. [139]
deduced that stronger texture or change in preferred grain orientation would develop
toward the build direction when a bidirectional scanning strategy with 0◦ or 90◦ rotation
between successive layers is used instead of a 67◦ rotation and/or by increasing of the
scanning laser power. The authors further argued that the use of unidirectional scanning
strategy with a 67◦ rotation does not favour the zigzag solidification pattern and leads to
the formation of randomly oriented grains in the plane perpendicular to the build direction.

Also, the formation of subgrain structures in the columnar grains characterises the
hierarchical microstructure of LPBF-built HEAs [125,144]. Figure 12 illustrates the for-
mation of substructures. The morphology of these subgrains are usually columnar or
cellular-type [27] (see Figure 11). AM fabricated materials are known to exhibit a distinct
cell structure, and the cell size is known to vary according to process conditions [75]. The
shape of the cell structure is formed due to either elemental segregation or dislocation net-
work as exemplified in AlCrCuFeNi [73,74] and AlCrCuFeNix (x = 2.0, 2.5, 2.75, 3.0) [137]
studied alloys.

Inevitably, LPBF-processed metals are associated with high-density dislocation owing
to the complex thermal cycle with cooling rates exceeding 106 K·s−1 [27]. High density dislo-
cations are a common nanostructure in LPBF-processed HEAs, such as CoCrFeNi [129,130],
CoCrFeMnNi [128,144], (C, Si)-containing CoCrFeNi [133–136], Al0.3CoCrFeNi [139], and
AlCrFeNiV [138]. The formation of dislocations in the LPBF-built components is attributed
to the vacancy energies difference between the solid and liquid states. The vacancy energy
is low in the liquid molten pool, and vacancies are abundant. On the other hand, regarding
the solid-state, the vacancy energy is high and gradually occupied during solidification.
However, the rapid solidification process in LPBF coupled with the sluggish diffusion in
HEAs both prevent vacancies from being filled. Therefore, many unoccupied vacancies
remain in the built material, which then merges into massive dislocations [129,145]. More-
over, formed substructures are closely related to dislocation density. The grain boundaries
of these substructures are made up of dislocation walls and form dislocation networks as
shown in Figure 13. Within some of these substructures, there exist almost no dislocations
whereas others contain high density dislocations. Increased vacancy concentration and
the presence of large thermal residual stresses from the LPBF process lead to the accu-
mulation of dislocation pile-ups which further increases dislocation density [27,128,129]
(see Figure 13).
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Figure 11. SEM image of microstructure of an LPBF-processed (a) CoCrFeNi HEA [129], (b) 
Fe49.5Mn30Co10Cr10C0.5 (at.%) HEA (with inset showing the equiaxed cellular structures) [125]; (c) 
cellular structure in CoCrFeMnNi in greater detail [123], (d,e) bright-field TEM images of the cellular 
and columnar structures respectively in C-containing CoCrFeNi HEA [134]. 

Figure 11. SEM image of microstructure of an LPBF-processed (a) CoCrFeNi HEA [129], (b) Fe49.5Mn30Co10Cr10C0.5 (at.%)
HEA (with inset showing the equiaxed cellular structures) [125]; (c) cellular structure in CoCrFeMnNi in greater detail [123],
(d,e) bright-field TEM images of the cellular and columnar structures respectively in C-containing CoCrFeNi HEA [134].
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Figure 13. ECC images showing the dislocation networks and fine oxides in LPBF-processed equiatomic CoCrFeMnNi HEA:
(a) cellular structure and (b) columnar structure [75]; (c) TEM bright-field showing the high density of dislocation piled up
and dislocation network and (d) SAED pattern showing the primary FCC phase and tetragonal σ precipitate phase [128].

Precipitates are another subgrains feature identified with LPBF-processed
HEAs [124,132,138,141]. It can be surmised that since the LPBF process culminates in
grain refinement, together with the emergence of substructures and dislocations, there
exist numerous grain boundaries with high energy levels [27]. The high energy levels thus
enhance atomic diffusion at the grain boundaries (which serve as diffusion channels) and
lead to the solid-state transition of precipitates [128]. The rapid solidification conditions of
the LPBF process further enables precipitations. Yao et al. [138] observed nano precipitates
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of the L12 (~0.207 nm) phase in LPBF-processed AlCrFeNiV. A mixture of precipitates
of Mn-rich oxide and sulfide and Cr-rich with size ranging 30–70 nm were detected by
Park et al. [133] at the subgrain boundaries in LPBF-processed 1%C-CoCrFeMnNi. In
LPBFed equiatomic AlCrCuFeNi HEA alloy, Luo et al. [74] found nano-scale chain-like and
granular shaped Cu-rich phase precipitates at the high angle and low angle grain bound-
aries (HAGB and LAGB), respectively. In addition, alternating sinuous ribbon-shaped
precipitates containing B2 and A2 phase were also observed at the subgrain boundaries.

6. Mechanical Properties of LPBF-Processed TiAl-Based Alloys and HEAs

Table 5 shows a compilation of published studies on the mechanical properties of LPBF-
processed TiAl-based alloys. It is noted that most of the studies were on hardness (micro
or nano), compression and tensile properties evaluation at room temperature. Till date,
the long-standing objective of TiAl-based alloys has been to attain balanced mechanical
properties at room and elevated temperatures. Microalloying and grain refinement through
rapid solidification processing route are two means employed in enhancing the mechanical
properties of TiAl-based alloys. Ismaeel and Wang [87] studied the effect of Nb addition on
the mechanical properties of LPBFed γ-TiAl alloys. The alloy with the highest Nb content
(7 at.%) showed the best mechanical properties owing to the increased amount of the α2
(Ti3Al) phase. The refined grains observed, together with the increased volume fraction
of the α2 phase, can relieve stress concentrated at the grain boundaries and decrease the
tendency of the development of crack branches [146]. Additionally, the dissolution of
increased Nb quantities in the γ-TiAl phase leads to the increment of critical resolved shear
stress and reduction of super-lattice intrinsic stacking fault. Thus, improving the strength
and ductility of the alloy [147]. Furthermore, the mechanical properties of TiAl-based alloys
can be improved by decreasing the thickness of the α2 + γ lamellar. Doubenskaia et al. [33]
achieved lamellar thickness 2–4 times smaller in the dendrite zone and 5–10 times smaller
in the interdendritic zone than the typical lamellar thickness of directional solidification
casting using LPBF to fabricate Ti-48Al-2Cr-2Nb (at.%) alloy. This, therefore, demonstrate
that LPBF is a promising technology capable of manufacturing TiAl-based alloys with
enhanced mechanical properties. The precipitation of the B2 in LPBFed TiAl-based alloys
have also been reported to increase hardness [101,103]. The B2 phase is well known to be
harder than the α2 and γ phases.

A compilation of findings on mechanical properties of LPBF-processed HEAs is
presented in Table 6. The CoCrFeNi HEA system which forms the base of most studied
3d transition HEAs has been processed using LPBF. Brif et al. [122] showed that LPBF-
processed CoCrFeNi HEA could achieve mechanical properties matching established alloys
such as stainless steel. The LPBFed CoCrFeNi exhibited yield strength (600 MPa) more
than three times that processed using conventional melting and casting. Grain refinement
owing to the large thermal gradients and rapid solidification of the LPBF account for the
superior mechanical properties. The addition of C to the LPBFed CoCrFeNi HEA enhanced
its yield strength from 600 MPa to ~638 MPa, and ultimate tensile strength from 745 MPa
to ~795 MPa [134]. Solid-solution, dislocation and precipitation strengthening mechanisms
contributed to the improvement of the yield strength of the HEA. The columnar and
cellular structures formed dislocation networks that impeded dislocation mobility and
led to dislocation storage. In addition, nanosized uniformly distributed carbides and
segregated elements pinned dislocation networks. The slight misorientation between
adjacent cells promoted the stability of dislocation networks [148]. Hence, although the
impeded dislocations across these networks increased in strain, the size and morphology
of the dislocation networks retained its original state, leading to stable and continuous
strengthening. Lastly, the nanosized carbide precipitates (M23C6) uniformly distributed
at the dislocation networks and grain boundaries, culminated in improving strength by
impeding dislocation mobility.
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The addition of Mn to CoCrFeNi to form CoCrFeMnNi is the most studied LPBFed
HEA [75,121,126–128,144]. The ultra-fine grain size and formation of a σ phase improve
mechanical properties of LPBFed CoCrFeMnNi.

Moreover, significant improvement in mechanical properties of LPBFed CoCrFeNi
and CoCrFeMnNi HEAs containing Al, Ti and C have been reported [131–133,139]. The
addition of Al promotes the formation of the BCC phase and leads to improvement of
mechanical properties [140–142]. Grain refinement, dislocation hardening and precipitation
hardening account for the improvement in strength in the Al and C containing HEAs.

Laser power, scanning speed, hatch spacing, and powder layer thickness are functions
of the VED. These primary processing parameters influence HEA densification, microstruc-
tures, and mechanical performance. The thermal gradient (G) over the molten pool depends
on energy input from the combination of laser power and scan speed. In addition, the
scan speed determines the growth rate (R) of the solid-liquid interface [27]. High energy
input deteriorates microstructure and decreases strength. Moreover, G/R and G*R define
the solidified microstructures’ morphology and size, respectively. A lower ratio of G/R
means grain morphology is equiaxed, whereas a higher cooling rate (G*R) indicates a finer
microstructure [149]. Porosity minimizes with small hatch spacing and layer thickness.
The LPBF fabrication of CoCrFeNi HEA with a small layer thickness of 20 µm showed
better tensile properties compared to a 50 µm layer thickness [122]. This was because of
internal and incomplete fusion defects caused by insufficient melting of the thicker layers.
Therefore, increasing VED improves density, which means mechanical properties also
enhance [128].

Another observation was the influence of post-processing treatments on the mechani-
cal properties of LPBFed HEAs. The annealing heat treatment process increased ductility
and impact toughness but decreased hardness and strength of LPBFed CoCrFeNi [129].
The annealing process relieved residual stresses, decomposed dislocation networks and
facilitated recrystallisation, resulting in strain hardening and improved the ductility and
toughness. Conversely, solution treatment enhanced yield and tensile strength of LPBFed
CoCrFeNiTi [131], owing to the square root of the product of grain size (radius) and vol-
ume fraction of the Ni and Ti ordered precipitates. In addition, the application of HIP
improves densification and eliminates metallurgical defects. Li et al. [128] obtained nearly
10% ultimate tensile strength increment of LPBFed CoCrFeMnNi alloy after HIP treatment.
However, at the expense of elongation.

In all, it is evident that more research is needed before the successful implementation
of LPBFed TiAl-based alloys and HEAs. As potential candidates for high-temperature
applications, it is crucial that elevated temperature mechanical tests such as creep are
carried out on LPBFed TiAl alloys. Additionally, the effect of thermal and microstructural
stability of LPBFed HEAs will add more knowledge to the field. Since increasing density
improves mechanical properties, it is imperative that attaining crack- and pore-LPBFed
TiAl alloys and HEAs will further improve mechanical properties.
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Table 5. Composition, mechanical properties, and findings of LPBFed TiAl alloys.

TiAl-Based Alloy Composition
(at.%)

Mechanical Property
Evaluated Main Findings Reference

Ti- 48Al-2Cr-2Nb Compression

• Young modulus was 50 ± 13 GPa
• Ultimate compression stress of 612 ± 56 MPa
• Poor mechanical properties were attributed to the presence of high

porosity in alloy

[150]

Ti-44.8Al-6Nb-1.0Mo-0.1B Tensile at room and high temperature (850 ◦C)

• Tensile strength ca. 200–400 MPa at room temperature
• High-temperature tensile strength ca. 541–545 MPa
• Tensile strength at both room and high temperature was in the

range of conventional γ-TiAl alloys

[95]

(47- x)Ti- 48Al-2Mn-xNb
(x = 3, 4, 5, 6, 7) Microhardness, compression, and friction-wear

• Hardness and coefficient of friction fluctuated with increasing Nb
contents

• Ultimate compression strength and fracture strain ranged from
1295 MPa (22.5%) to 1390 MPa (24.5%)

• Alloy with 7.0 at.% Nb showed the best combination of mechanical
and tribological properties

[87]

Ti-45Al-2Cr-5Nb Nanohardness
• Superior nanohardness ranging from 7.57 ± 0.38 GPa–8.74 ± 0.42

GPa compared to 4.8 ± 0.28 GPa of conventional casting processed
TiAl alloys

[101]

Ti-45Al-2Cr-5Nb + (xTiB2)
(x = 1, 2, 3 wt.%) Nanohardness

• Enhanced hardness ranging from 9.38 ± 0.47 GPa–10.57 ± 0.53
GPa which is higher than that of traditional roll bonding fabricated
TiAl alloys reinforced with TiB2

[106]

Ti- 48Al-2Cr-2Nb Microhardness
• Microhardness ranged between 548 ± 13–559 ± 18 HV0.3
• Increase in microhardness was attributed to cooling rates and

residual stresses
[33]

Ti-28.9Al-9.68Nb-2.26Mo-0.024B wt.% Compression
• Slightly lower compression performance compared to the cast

samples.
• This was attributed to residual porosity in the samples

[96]

Ti-45Al-2Cr-5Nb + (1 wt.% TiB2) Nanohardness
• Superior nanohardness compared than conventional roll bonding

TiAl/TiB2 metal-matrix composites [151]
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Table 6. Composition, mechanical properties, and findings of LPBFed HEAs.

HEA Composition Reported Relative Density
(or Max Density Achieved) Mechanical Properties Evaluated Main Findings Reference

CoCrFeNiMn

99.2% Microhardness

• Microhardness of 300 HV
• The high microhardness was attributed to

compressive stresses of the LPBF process and from
the milling and grinding processes.

[121]

99.2% Tensile

• Yield strength of 510 ± 10 MPa
• Ultimate tensile strength of 609 ± 10 MPa
• Elongation of 34 ± 3%
• Enhanced strength was to dislocation strengthening

in addition to friction stress and grain boundary
strengthening in the alloy.

• Excellent uniform elongation was due to strain
hardening capabilities at high stress levels

[144]

- Compression

• Yield strength of 778.4 MPa (in the scanning
direction), 766.4 MPa (transverse direction) and 703.5
MPa (building direction)

• Orowan strengthening mechanism was the highest
contributor in the superior strength of the alloy

[75]

7.89 g.cm−3 Microhardness, tensile

• Microhardness of 261 ± 7 HV
• Yield strength of 624 ± 4 MPa
• Ultimate tensile strength of 747 ± 2 MPa
• Elongation of 12.3 ± 0.2%
• Orowan strengthening indicates oxides formed play

a key role in mechanical properties of the alloy.
• The tensile ductility of the alloy was lower than the

ones prepared by using fully pre-alloyed powders.

[126,127]

98.2% Tensile

• The formations σ phase and ultrafine grains account
for the enhancement of mechanical property of alloy
compared with slowly solidified HEA.

• After HIP, the densification and tensile strength
improved from 601 MPa to 649 MPa while the
elongation decreased from 35.0% to 18%.

[128]
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Table 6. Cont.

HEA Composition Reported Relative Density
(or Max Density Achieved) Mechanical Properties Evaluated Main Findings Reference

CoCrFeNi

99.71% ± 0.25% Microhardness, tensile and impact toughness

• Microhardness decreased from 219 HV (no heat
treatment) to 138 HV (annealed at 1300 ◦C)

• The yield strength decreased gradually, the plasticity
increased gradually, and the tensile strength hardly
changed with increasing annealing temperature.

• Impact toughness increased with increasing
annealing temperature.

• Formation of dislocation networks and
recrystallisation characterise mechanical properties
of the alloy due to annealing.

[129]

98.7% Tensile

• Yield strength of 556.7 ± 23.6 (chessboard scan) and
572 ± 7.5 MPa (Stripe scan)

• Ultimate tensile strength of 676.7 ± 20.5 (chessboard
scan) and 691.0 ± 15.9 MPa (stripe scan)

• Elongation of 12.4 ± 2.1% (chessboard scan) and 17.9
± 0.9% (stripe scan)

• Hot cracks in built alloy accounted for fracture
of alloy.

[130]

Co1.5CrFeNi1.5Ti0.5Mo0.1 99.3% Tensile

As-built
• Yield strength of 773.0 ± 4.2 MPa
• Ultimate tensile strength of 1178.0 MPa
• Elongation of 25.8 ± 0.6%
Solution treated at 1120 ◦C and water quenched
• Yield strength of 897.5 ± 65.8 MPa
• Ultimate tensile strength of 1291.0 ± 29.7 MPa
• Elongation of 26.7 ± 2.3%
Solution treated at 1120 ◦C and air-cooled
• Yield strength of 935.5 ± 9.2 MPa
• Ultimate tensile strength of 1414.5 ± 0.7 MPa
• Elongation of 13.7 ± 0.4%

[131]
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Table 6. Cont.

HEA Composition Reported Relative Density
(or Max Density Achieved) Mechanical Properties Evaluated Main Findings Reference

(CoCrFeMnNi)99C1 - Tensile

• Yield strength of 741 MPa (in the X-direction)
• Ultimate tensile strength of ~874 MPa (in the

X-direction)
• Differences in tensile properties were attributed to

the heterogeneous anisotropic microstructure of the
alloy with respect to loading axes and variations in
the dislocation mean free path.

[132]

• Enhancement of yield strength compared with
the as-cast

• The primary strengthening mechanism in the alloy
were combinations of dislocation hardening,
grain refinement, and precipitation hardening.

[133]

CoCrFeNiC0.05 99% Tensile

• Yield strength of ~638 MPa
• Ultimate tensile strength of ~795 MPa
• Elongation of ~13.5%
• The yield strength of alloy was higher compared to

those processed using conventional methods such as
casting and rolling

• Outstanding yield strength of the alloy was
attributed to dislocation networks strengthening and
nanosized carbides strengthening.

[134,135]

AlCoCrCuFeNi 7.08 g.cm−3 Microhardness
• Outstanding microhardness of 710.4 HV compared to

the corresponding material manufactured by
traditional methods.

[73]
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Table 6. Cont.

HEA Composition Reported Relative Density
(or Max Density Achieved) Mechanical Properties Evaluated Main Findings Reference

AlCrCuFeNix (x=2.0, 2.5.
2.75,3.0) >99.7% Tensile

• AlCrCuFeNi3 HEA showed superior mechanical
properties compared to as-cast and cold-rolled plus
annealed AlCrCuFeNi HEA systems.

• AlCrCuFeNi3 HEA was crack-free and exhibited
remarkably heterogeneous microstructures including
near-equiaxed grains, nanoscale lamellar or cellular
dual-phase (FCC+ B2) structures, massive LAGBs
and dislocation pile-ups, as well as profuse coherent
A2 nano-precipitates embedded in the B2 phase.

[137]

AlCrCuFeNi > 99.7% Compression

• Ultimate tensile strength of 2052.8 ± 123.6 MPa
• Elongation of 6.8 ± 1.3%
• The compressive properties of the alloy were

superior to those of cast due to ultrafine grains and
nano-scale alternating bright and dark structures.

[74]

Al0.5Cr0.9FeNi2.5V0.2 99.88% Tensile

• The yield stress and the ultimate tensile strength of
alloy (651.36 MPa, 1057.21 MPa) were superior to
those of casted samples (489.63 MPa, 873.09 MPa).

• Hierarchical structure from nano-scale (L12
nanophase, pre-existence dislocations) to sub-micron
scale (sub-grain boundaries and grain boundaries)
progressively hindered dislocation motion. In
addition, heterogeneous distribution of the
dislocation density and subgrains morphology
influenced deformation, hence achieving the balance
of high strength and ductility.

[138]

Al0.3CrFeCoNi 99.9% Tensile

• Superior tensile strength (yield strength of 730 MPa,
an ultimate tensile strength of 896 MPa and
elongation of 29%) compared to as-cast or wrought
counterparts.

• Improved tensile properties were attributed to the
presence of numerous dislocation densities combined
with the effect anisotropy due to the crystallographic
texture.

[139]



Metals 2021, 11, 58 30 of 37

Table 6. Cont.

HEA Composition Reported Relative Density
(or Max Density Achieved) Mechanical Properties Evaluated Main Findings Reference

Al0.5CrFeCoNi - Microhardness, tensile

• Microhardness of 262 ± 5 HV
• Improved tensile properties (yield strength of 579

MPa, ultimate tensile strength of 721 MPa and
elongation of 22%) compared to cast sample.

[140]

AlCoCrFeNi 98.4% Microhardness

• Higher microhardness (632.8 HV) than samples
fabricated by other methods such as casting, laser
engineered net shaping (LENS), and EBM

• Higher microhardness was attributed to the high
VED in the much more rapid cooling rate and the
formation of more B2 phases.

[142]

Fe49.5Mn30Co10Cr10C0.5 - Tensile

• Enhanced strength-ductility combination relative to
those fabricated by conventional processing routes.

• The high yield strength mainly stemmed from the
dislocation strengthening, friction stress and grain
boundary strengthening.

[125]
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7. Present Research Progress and Future Studies

Presently, the main challenge in the LPBF building of TiAl alloys has to do with the
crack sensitivity of TiAl-based alloys. So far, two promising approaches have been studied
to mitigate the intrinsic high thermal gradient and residual stresses associated with LPBF.
Preheating of the substrate metal before building has been applied to the LPBF process.
The preheating of the substrate reduces the temperature gradient between the solidifying
layers and the lower parts of the built samples [95], leading to a decrease in residual
thermal stresses. The use of substrate heating techniques such as resistive heaters and
induction heating circuit enable the base plate to reach higher temperatures between 800–
1000 ◦C. The incorporation of preheating systems capable of attaining high temperatures
promotes increased productivity. This may be ascribed to the energy added to the process,
enhanced optical absorptivity at higher temperatures and decrease of residual thermal
stresses. In a very recent study, Caprio et al. [90] developed a novel preheating system as
shown in Figure 14, with the ability to provide and constantly maintaining high preheating
throughout the build of crack prone materials such as TiAl-based alloys. The system allows
control of the cooling rate to prevent crack formation. With a preheat temperature of 800
◦C, a Ti-48Al-2Cr-2Nb (at.%) component was successful fabricated. The crack formation
was suppressed, and apparent density exceeded 99%. It is evident, as demonstrated by
Caprio et al. [90] that the manufacturing objective of crack- and pore-free TiAl components
via LPBF is gradually maturing and becoming a reality. However, the extent to which
powder quality impacts on sintering behaviour when high-temperature preheating (1000
◦C) is employed remains scope for future studies [96].
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Alternatively, the use of TiAl-based alloys with high additions of β-stabilizing ele-
ments such as Nb and Mo could be used in fabricating crack-free TiAl alloys using LPBF.
These new class of alloys are termed TNM and TNB and may include small addition of B
and C. The addition of β-stabilizing elements help ensure solidification during build occurs
through the β-phase. The introduction of the β-phase in TiAl alloys during processing
help suppress cracks owing to their ductility. Additionally, slow diffusivity and defor-
mation accommodation characterise β-stabilizing elements and the β-phase, respectively.
Hence serving as a means in the manufacturing of crack-free TiAl-based parts. TNM
alloys, under non-equilibrium conditions, have been reported to show reduced segregation
behaviour involving high cooling rates [152,153]. Moreover, in most TiAl alloys, the Nb con-



Metals 2021, 11, 58 32 of 37

tent is lower to avoid the β/β0 from stabilising. Using post heat treatment, the β-phase can
be eliminated from the final microstructure of the alloy after the LPBF process. Examples
of some TNM alloys fabricated by LPBF are shown in Table 3.

It is clear from this review that most studies on LPBFed HEAs are usually focused on
optimization of process parameters, build orientation effects, microstructure characteriza-
tion and mechanical properties evaluation. Improving the properties and performance of
HEAs rests on the careful optimization and implementation of tailored microstructures
through controlled processing and appropriate alloy manipulations that can promote
and stabilize new microstructures. Grain refinement, the formation of substructures such
as phase precipitates and increased dislocation densities characterise the LPBF process.
These features improve the mechanical properties of LPBFed HEAs exceeding that of
conventional methods. Nonetheless, associated LPBF processing defects such as porosity
and cracks still pose a challenge. Research on understanding these defects and ways to
circumvent or suppress them during build deserves more attention.

Furthermore, the AlxCrFeCoNi and CoCrMnFeNi series alloys have received the most
attention in the fabrication of LPBF HEAs for potential high-temperature applications.
However, these alloys have relatively high densities. The prospect of using LPBF to
fabricate lightweight HEAs have not been reported. Weight-saving alloys in the transport,
energy and aviation industries could reduce cost, enhance the efficiency of advanced
engines, and decrease emissions. Therefore, there is a need for research on LPBF of
lightweight HEAs for significant industrial applications.

Also, a future research focus for LPBFed HEAs could be in applications of energy
storage, functional electronic devices, chemical and electromagnetic shielding. These
areas are in constant search for high-performance materials with exceptional functional
properties. There are no or few studies on LPBF-processed HEAs reported in this field.
Thus, research on the viability of LPBF-processed components in meeting the demands of
these fields could be invaluable.
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