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Abstract

:

The Cu-rich phase is a high-efficiency and ultra-stable precipitation-strengthening phase and has been widely used in many steels and alloys, especially in heat-resistant steels and alloys. Creep damage is accompanied with the coarsening of the second phase. In the present work, the calculation of phase diagrams (CALPHAD) method and elastic–plastic mechanics are coupled with the phase field (PF) approach to investigate the growth behavior and the accompanying stress/strain field evolution of nano-sized Cu-rich precipitates in an Fe-Cr-Ni-Cu medium-entropy alloy. The results show that creep strain is intensified with the coarsening of Cu-rich particles. The simulated size of Cu-rich particles is in good agreement previous experimental reports. The plastic strain tends to shear the Cu-rich phase when they are relatively fine (~<11 nm), and the size of the Cu-rich particles has a slight influence on the creep strain at this stage. In contrast, coarse Cu-rich precipitates (~>11 nm) are bypassed by the plastic strain due to the enhancing stress concentration around the interface, and the creep strain is rapidly aggravated with the growth of Cu-rich particles. The coarsening of Cu-rich particles will be retarded by the adjacent particles due to the overlapping of the diffusion zone, and hence the creep strain was reduced when crept for the same time. The retard effect will vanish when their distance is sufficiently long (~>60 nm). When the size of the Cu-rich particles is identical, the creep strain will be mitigated with elongation of the distance between two Cu-rich particles.
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1. Introduction


Multi-principal alloys, including high-entropy alloys (HEAs) and medium-entropy alloys (MEAs), provide a brand-new perspective for material design. Particularly, Fe-Cr-Ni MEAs exhibit exceptional corrosion and oxidation resistance at elevated temperatures and have shown the capacity for application in fields of thermal power plants, pressure vessels, aerospace, etc. [1,2,3,4]. Precipitation strengthening is one of the main strengthening mechanisms, especially in heat-resistant alloys. Cu as a high-efficiency precipitation-strengthening element has been widely used in many steels and alloys including heat-resistant steels, reactor pressure vessel steels, high-strength low-alloy steels, etc. [5,6,7]. The hardening effect of the Cu-rich phase is founded in both ferrite/martensite matrices with body-centered cubic (BCC) structure and austenite matrices with face-centered cubic (FCC) structure. It is commonly recognized that Cu-rich phase precipitation in α-Fe is a complex crystal structure transformation process [8,9], while in the FCC matrix, the precipitation behavior of the Cu-rich phase is relatively simple. The only composition change takes place in the precipitation of Cu-rich particles in the FCC matrix, and no crystallographic transformation is observed [10,11]. The coherent relationship between the precipitates and the matrix was preserved during the entire creep process, even at later stages [12]. The creep strength of Fe-Cr-Ni-Cu MEAs is significantly enhanced due to many fine and well-dispersed Cu-rich particles. The strengthening effects of Cu precipitates are related to the size and number density of precipitates [13,14]. Herein, clarifying the deformation behavior arising from the coarsening of the Cu-rich phase is of great significance for revealing the precipitation-strengthening mechanism and enlightening the possibility to further enhance the strength of Cu-containing alloys. Due to the low strength of Cu-rich particles, dislocations tend to shear the particles when the size is relatively fine. With the coarsening of the Cu-rich phase, the moving dislocations will be hindered by the particle due to the enhancing strength and eventually bypass the obstacle by bending around it and then back straight to move [15]. Up to now, several efforts have been made to study the precipitation process of Cu-rich precipitates, including the size, shape, structural feature, composition of precipitates, etc. Isheim et al. [16] investigated the segregation of Ni and Mn at the interfaces of Cu-rich particles in a high-strength low-alloy steel. They believe that the growth and coarsening of the Cu-rich phase are retarded by the shell structure formed by the segregation of Mn and Ni due to the reduction in interfacial energy. However, the evolution of micro-stresses accompanied with the coarsening of Cu-rich particles and the consequent creep damage is rarely reported. Shim et al. [17] simulated the precipitation kinetics during aging in five austenitic heat-resistant steels using DICTRA software, an engineering tool for diffusion simulations in multicomponent alloys. Nevertheless, this method is unable to obtain the morphology features of the second phase as well as the stress evolution due to precipitation.



The PF method is increasingly used in the modeling and simulation of mesoscale microstructure evolution under different driving forces (e.g., compositional gradients, temperature, stress/strain, electric and magnetic fields) in materials science and physics including grain growth, sintering, solid state phase transformation, dislocation dynamics, fracture, damage, etc. [18,19,20,21]. By coupling with the CAPHAD database, the PF method can accurately investigate the sophisticated microstructure evolution in multicomponent alloys with reliable thermodynamic parameters. Zhu et al. [22] investigated the nucleation and growth behavior of BCC Cu precipitates followed by the BCC/9R phase transformation in an Fe-Cu alloy by the PF method. They found that the initial Cu concentration of precipitates are ageing-temperature-dependent and composition-dependent. Li et al. [23] simulated the coherent BCC/B2 microstructures in high-entropy alloys and the coarsening behavior of precipitates. Liu et al. [24] incorporated a CALPHAD database into a phase field framework to simulate the kinetics grain boundary microchemistry and precipitation behavior in high-strength Al-Zn-Mg-Cu alloys. Sun et al. [25] simulated the phase decomposition in thermal aging of an Fe-Cu-Mn-Ni-Al quinary system using the PF method coupled with CALPHAD thermodynamic databases. However, the accompanied stress/strain evolution has not been investigated.



In this work, the CALPHAD method and elastic–plastic mechanics are coupled with the PF approach to investigate the coarsening of Cu-rich phase as well as the accompanying stress/strain evolution in an Fe-Cr-Ni-Cu MEA during creep to reveal the mechanism of creep damage due to the coarsening of Cu-rich particles.



We designate contractions of tensors A = Aij and B = Bij over one and two indices as   A ⋅ B =  A  i j    B  j k     and   A : B =  A  i j    B  i j    . The transpose of A is AT, and I is the unit tensor.




2. Phase Field Model


2.1. Free Energy Formulation of Fe-Cr-Ni-Cu Alloy System


According to Landau’s theory of phase transformations, the Helmholtz free energy per unit volume of the Fe-Cr-Ni-Cu quaternary alloy system is formulated as [26]:


  F =    ∫ V    (   1   V m     F c  +  F e  +  F ∇   )     d V  



(1)




where Vm is the mole volume of the alloy, Fc is the mole Gibbs energy of the Fe-Cr-Ni-Cu alloy, which can be obtained by the CALPHAD method, Fe is the elastic energy density, and F▽ is gradient energy density.



Following the sub-regular solution approximation, Fc can be expressed as [27]:


   F c  =   ∑ i    G i   c i    +  G     E  +  G      m g   + R T   ∑ i    c i    ln  (   c i   )   



(2)




where ci is the concentration obeying constraint    ∑   c i  = 1     and Gi is the Gibbs free energy of the pure element i with the FCC crystal structure. The subscripts i = 1, 2, 3, and 4 correspond to Fe, Cr, Ni, and Cu, respectively. EG is the excess free energy corresponding to the heat of mixing, and mgG is the magnetic contribution to the Gibbs free energy. R and T are the gas constant and the absolute temperature (K), respectively.



The function EG for a quaternary system is described as [28]:


   G     E  =   ∑ i     ∑  j > i     L  i , j    c i   c j      +   ∑ i     ∑  j > i      ∑  k > j     L  i , j , k    c i   c j   c k         



(3)




where Li,j and Li,j,k are the binary and ternary interaction parameters, respectively.



The magnetic contribution to the Gibbs free energy mgG is formulated as [29]


     m g   G = R T ln  (  β + 1  )  f ( τ )  



(4)






  f ( τ ) =  {    1 −  1 d   {    79  τ  − 1     140 p   +   474   497    (   1 p  − 1  )      ×  (     τ 3   6  +    τ 9    135   +    τ  15     600    )   }    τ ≤ 1     −  1 d   (     τ  − 5     10   +    τ  − 15     315   +    τ  − 25     1500    )    τ > 1      



(5)






  d =   518   1125   +   11692   15975    (   1 p  − 1  )   



(6)




where β is the atomic magnetic moment, τ = T/Tc is a dimensionless temperature, Tc is Curie temperature, p is a material constant, and p = 0.28 for the FCC phase. If β or Tc is negative, they should be revised as −β/3 and −Tc/3.



Assuming the simplest isotropic interfacial properties condition, the gradient energy can be expressed as [30]


   F ∇  =  1 2   β i   ∑   ∇ 2   c i     



(7)




where    β i    is the gradient energy coefficient [31]


   β i  =   3  2   2   Δ i   γ i   



(8)




where    Δ i    is the width of the interface and γi is the interfacial energy.



The elastic energy density is given as


   F e  =  1 2  σ :  ε e   



(9)




where σ is the stress and εe is the elastic strain. According to Hook’s law


  σ = C :  ε e   



(10)




where C is the elastic stiffness tensor.



The elastic strain is given by


   ε e  = ε −  ε 0  −  ε p   



(11)




where    ε 0    is the eigenstrain due to precipitation,    ε p    is the plastic strain, and  ε  is the total strain.



The eigenstrain is expressed as [32]


   ε 0  = ∑ h  (   c i   )   ε  0 i    



(12)




where   h  (   c i   )  =  c i 3   (  6  c i 2  − 15  c i  + 10  )    is a smooth interpolation function and    ε  0 i     is the crystallographic misfit strain tensor, according to Vegard’s law [33]


   ε  0 i   =  δ i  I  



(13)




where    δ i    is the lattice mismatch of element i and I is the second-order identity tensor.



In the current investigation, we focused on the creep strain arising from the coarsening of the Cu-rich phase, while other factors such as dislocation motion and micro-voids are simplified and the phenomenological linear isotropic strain-hardening rule is used. The yield stress σy can be expressed as [34]


   σ y  =  σ  y 0   + H   ε ¯  p   



(14)




where H is the hardening modulus, σy0 is the initial yield stress, and     ε ¯  p    is the equivalent plastic strain. Following the Prandtl–Reuss plastic flow rule [35]


  d  ε p  = d   ε ¯  p  ⋅   ∂  σ ¯    ∂ σ    



(15)




where   σ ¯   is Von Mises stress.



The stress/strain field can be obtained by solving the mechanical equilibrium equation


  ∇ ⋅ σ = 0  



(16)








2.2. Kinetic Equation


The evolution of the concentration field is given by the Cahn–Hilliard equation [25,36]


    ∂  c i    ∂ t   =   ∑ j   ∇ ⋅  L  i j   ⋅ ∇   δ F   δ  c i       



(17)




where Lij is the matrix of Onsager coefficients and given by Darken’s equation [4]


   L  i j   =   ∑ l    (   δ  i l   −  c i   )   (   δ  j l   −  c j   )     c l     D i    R T    



(18)




where δij is the Kronecker delta and Di is the self-diffusion coefficient


   D i  =  D  0 i   exp  (    −  Q  0 i     R T    )   



(19)




where D0i is a frequency factor and Q0i is the activation energy.



The material properties P of the interface (elastic modulus E, yield strength σy, and hardening modulus H) are assumed to be the mix of the matrix Pm and Cu-rich phase PCu [37]


  P  (  c ¯  )  =  P m   [  1 − h  (  c ¯  )   ]  +  P  C u   h  (  c ¯  )   



(20)




where   c ¯   is an equivalent concentration of Cu and can be defined as


   c ¯  =    c  C u   −  c  C u  e     c m e  −  c  C u  e     



(21)




where    c m e    and    c  C u  e    are the equilibrium concentration of Cu in the matrix and Cu-rich particles, respectively.





3. Simulation Data


The chemical composition of the simulated MEA (wt. %) is Fe 50, Cr 22, Ni 25, and Cu 3. A two-dimensional rectangular domain with a size of 120 nm × 120 nm cubical grain is chosen as the simulated model. The finite element method was used to solve the coupled mechanical equilibrium Equation (16) and phase field Equation (17), and the grid size is 0.2 mm. The simulated alloy is crept at 973 K and 200 MPa for 1500 h. Four simulation cases were performed to investigate the effect of Cu-rich phase growth on the creep deformation of Fe-Cr-Ni-Cu MEA. The boundary conditions and initial conditions are shown in Figure 1, where n is the unit normal vector to the external boundary, Ji is the boundary flux, ki is the diffusion coefficient, and c0i is the initial concentration of element i. The lower left corner is fixed in all directions and the lower right corner is in the y direction to avoid rigid body motion. In Case 1, a single Cu-rich phase nucleus is prescribed at the center of the model, while in Cases 2~4, two nuclei with a distance of l0 were located on the vertical center line as the initial condition, and l0 = 15, 22.5, and 30 nm, respectively. The conditions of the four simulated cases are shown in Table 1.



It should be noticed that the practical grain size of the Fe-Cr-Ni-Cu alloy is around several hundreds of micrometers [3], which is much larger than the simulated area. Therefore, a convection boundary condition with the same diffusion rate as in the grain was assumed in all boundaries of the simulated area, which enables the elements in the simulated domain to be supplied or ejected to the surrounding bulk area.



The thermodynamic parameters of the Fe-Cr-Ni-Co alloy were taken from Thermo-Calc software, and mechanical properties of the matrix and Cu-rich particles were assumed to be identical with Sanicro 25 alloy and pure Cu, respectively, due to their similar chemical compositions. Values of parameters used in the PF model are summarized in Table 2. The finite element code COMSOL was utilized to solve the phase field and mechanical equations.




4. Simulation Results


The Cu-rich particles gradually coarsen with the aggregation of Cu atoms and the extrusion of Fe, Cr, and Ni atoms during the creep process. The composition distribution of the four simulated cases after being crept for 1500 h is shown in Figure 2.



From Figure 2, an uphill diffusion mechanism is observed in the coarsening of the Cu-rich phase, and a Ni-rich shell embedded outside the Cu-rich core is formed which is supposed to impede the further coarsening of the Cu-rich phase [15,16]. The radii of the Cu-rich particles after being crept for 1500 h in the four simulated cases are 14.6, 12.0, 13.6, and 15.5 nm, respectively. In Cases 2~4, the radius of Cu rich particles is increasing with l0 due to the overlapping of the diffusion zone [45]. It should be noticed that the radius of Cu-rich particles in Case 4 is even larger than in Case 1. This is probably because the interface of the Cu-rich phase in Case 4 is very close to the boundary of the simulated domain, and the consumption of Cu atoms in the matrix around the Cu-rich particles can be easily supplied from the boundary. For comparison, the Cu concentration at 9 nm above the interface (defined as cCu = 0.5) of the upper Cu-rich particles in Case 4 (located on the upper boundary of the simulated domain) is 0.024; however, it is only about 0.011 at the same location in Case 1 (located in the matrix). The evolution of the Cu-rich phase radius and mean axial strain   ε ¯   (defined as the mean axial elongation divided by the initial length of the simulated domain) in the four simulated cases are shown in Figure 3.



From Figure 3, the coarsening rate is relatively fast in the early stage of creep, and then it gradually slows down. The coarsening rates of Case 1 and Case 4 are the fastest, Case 3 comes third, and Case 2 is the slowest. It is also clear from Figure 3 that the coarsening rates of Cu-rich particles in Case 1 and Case 4 are almost identical before being crept for about 700 h, but since then, the coarsening rate in Case 4 gradually exceed Case 1, and the magnitude of the difference increased with creep time. This further illustrates that the distance between the two Cu-rich phase nuclei in Case 4 is large enough that their coarsening process is not affected by each other. Only in later stages of creep is the coarsening rate of Cu-rich particles in Case 4 accelerated, because the interface of Cu-rich particles is close to the boundary of the simulated domain and the Cu atoms’ depletion in the matrix around the Cu-rich particle can be supplied from outside of the boundary. It is also clear from Figure 3a that the simulated results, especially in Cases 1 and 4, are in good agreement with the experimental data reported by Zhou et al. [43] for the Sanicro 25 alloy, which has roughly the same chemical composition as the simulated alloy.



The creep strain of the simulated domain is gradually accumulated with the coarsening of Cu-rich particles. In the early stages of creep, the creep strain increases slowly even as the Cu-rich particles rapidly coarsen. Nevertheless, in the latter stages of creep, the creep strain aggravates promptly with the growth of Cu rich particles despite the coarsening rate of the Cu-rich particles gradually flattening. For a single Cu-rich particle in Case 1, the critical size of the Cu-rich particle for the change in the increasing rate of creep strain is around rc = 11 nm. Another notable phenomenon is that when there are two Cu-rich phase particles in the simulated grain, the creep strain increases with the increase in the distance between the two Cu-rich particles in same creep time; in contrast, the creep strain decreases with the increase in the distance between the two Cu-rich phase particles for same Cu-rich phase size.




5. Discussion


5.1. Influence of Cu-Rich Phase Growth on Creep Strain


The distribution of equivalent stress and equivalent plastic strain in Case 1 after creep for 500 h, 1000 h, and 1500 h, respectively, are shown in Figure 4.



A clear stress concentration is observed around the Cu-rich particle under axial tension. The stress in the Cu-rich particle is relatively low due to the low yield strength of Cu-rich phase. A butterfly-shaped stress contour is formed around the Cu-rich particle in the matrix and the maximum stress is located at the intersection of the horizontal center line of the simulated grain and the interface of Cu-rich particle, whereas stress in the matrix near the vertical center line is rather low. This is probably due to the low yield strength and strain-hardening capacity of the Cu-rich phase; the yield point of the Cu-rich phase is reached quickly under the action of applied axial tension, and a large amount of plastic strain is generated within it, which released the axial stress in the matrix near the vertical center line of the simulated grain.



It also can be seen from Figure 4 that the stress concentration on the interface of Cu-rich particles is aggravated with the coarsening of the Cu-rich phase, as is the corresponding plastic strain. After creep for 500, 1000, and 1500 h, the maximum stress on the interface of Cu-rich particles is 241.2, 248.5, and 254.3 MPa, respectively, and the maximum plastic strain is 1.11%, 1.46%, and 1.76%, respectively. The creep strain of the simulated grain is increased with the coarsening of Cu-rich particles, i.e., creep damage is aggravated with the coarsening of Cu-rich particles.



It also clear from Figure 4 that when the Cu-rich particle is relatively fine (t = 500 h), the plastic strain is majorly concentrated around the horizontal center line of the Cu-rich particle, and it seems that the Cu-rich particle is sheared by the plastic strain; in contrast, for large enough Cu-rich particles (t = 1500 h), the plastic strain is largely focused around the interface of Cu-rich particles due to the clear stress concentration around the interface and a plastic strain loop is formed, termed as the Orowan loop. In this mechanism, the plastic strain bends around the particle to bypass it. In the case of one single Cu-rich particle, the critical size of the transition of the interaction mechanism between dislocations and precipitates from shear to bypass is about rc = 11 nm. Zhou et al. [43] reported a very similar critical size of rc = 13 nm at the same temperature in the Sanicro 25 alloy, which has roughly the same chemical composition as the simulated alloy.




5.2. Influence of the Distance between Two Cu-Rich Particles on Creep Strain


Figure 5 shows the distribution of equivalent stress and equivalent plastic strain at r = 12 nm in simulated Cases 2~4. Because the Cu-rich particles are very soft, remarkably, plastic strain is generated in the particles, which will release the stress in the matrix at same axial position as the Cu-rich particles. In the three simulated cases, the plastic strain in the matrix at the same axial position as the Cu-rich particles is relatively low due to the low stress. However, the stress release effect of the soft Cu-rich particles weakens with the increase in the distance between the two Cu-rich particles, and the equivalent stress gradually increases.



The distribution of equivalent stress along the L2 line in Figure 5a is shown in Figure 6. In simulated cases 2~4, the equivalent stresses at the center of the simulated grains are 78.2, 82.5, and 129.8 MPa, respectively, and the maximum stresses on this line are about 240.1, 235.2, and 231.0 MPa, respectively. With the increase in the distance between the two Cu-rich particles, the stress in the center of the two Cu-rich particles increases and hence bears more external loads. Meanwhile, the stress in the matrix at the same longitudinal position is decreases, as does the corresponding plastic strain, which results in a lower creep strain in the overall simulated grain. In other words, the stress distribution in the matrix in Case 4 is more homogeneous, which results in a lower plastic deformation in the overall simulated grain; in contrast, the stress in Case 2 is localized in the vicinity of the Cu-rich phase and a remarkable plastic is generated in this area. Hence, when the Cu-rich phase particles are of the same size, the larger their spacing is, the smaller the creep strain of the overall grains.



The above-mentioned discussion shows that nano-sized Cu-rich particles have a significant influence on the creep strength of Cu-containing MEAs. Both the size and distance between these particles play an important role in the strengthening effect of Cu-rich particles. Although creep strength may decrease when the distance between Cu-rich particles is shortened, the growth rate is also retarded due to the overlapping of the diffusion zone, eventually leading to a superior creep strength. These findings indicate that increasing nucleation sites is an effective method for improving the creep strength of Cu-containing MEAs.





6. Conclusions


In this study, the CALPHAD method and elastic–plastic mechanics are coupled with the PF method to investigate the coarsening of the Cu-rich phase in an Fe-Cr-Ni-Cu MEA during creep as well as the stress/strain evolution. The PF model developed in this study offers a powerful tool to investigate and design a precipitation process in steels and alloys. The simulated size of Cu-rich particles is in good agreement previous experimental reports. The findings of this investigation provide new insights to Cu precipitation in Cu-containing MEAs to optimize mechanical properties and some useful information to understand the mechanism of creep damage arising from the coarsening of the second phase.



The following conclusions have been drawn:




	(1)

	
Creep strain of the simulated grain was intensified with the coarsening of Cu-rich particles. When the Cu-rich precipitates were relatively fine (~<11 nm), the plastic strain tended to shear the Cu-rich phase, and the size of the Cu-rich particle has a slight influence on the creep strain at this stage. However, for coarse Cu-rich precipitates (~>11 nm), the plastic strain will bypass them due to the enhancing stress concentration around the interface, and the creep strain is increased rapidly with the growth of Cu-rich particles.




	(2)

	
The coarsening of Cu-rich particles will be retarded by the adjacent particles due to the overlapping of the diffusion zone, and hence the creep strain was reduced when creep occurred for the same time. The retard effect will vanish when the distance is sufficiently long (~>60 nm).




	(3)

	
When the size of the Cu-rich particles is identical, the creep strain will be mitigated with elongation of the distance between the two Cu-rich particles, because a more homogeneous stress distribution is generated.
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Figure 1. Schematic of the simulation model and boundary conditions for simulated case 1 (a) and cases 2–4 (b). 
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Figure 2. Morphology evolution of Cu precipitates (a,c,e,g) and concentration distributions along L1 line (b,d,f,h) in Case 1 (a,b), Case 2 (c,d), Case 3 (e,f) and Case 4 (g,h). 
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Figure 3. Evolution of Cu-rich phase radius and mean axial strain as a function of creep time and the experimental data reported by Zhou et al. (a) and variation of mean axial strain with radius of the Cu-rich phases in the four simulated cases (b). Adapted with permission from Ref. [43]. Copyright 2020, Elsevier. 
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Figure 4. Distribution of equivalent stress (a–c) and equivalent plastic strain (d–f) after creep for 500 h (a,d), 1000 h (b,e), and 1500 h (c,f) in Case 1. 
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Figure 5. Distribution of equivalent stress (a–c) and equivalent plastic strain (d–f) when r = 12 nm in Case 2 (a,d), Case 3 (b,e), and Case 4. 
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Figure 6. Effect of distance between two Cu-rich phase particles on equivalent stress distribution along L2 line. 
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Table 1. Simulated cases.
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	Case
	Number of Nuclei
	Distance between Nuclei/nm





	Case 1
	1
	/



	Case 2
	2
	15



	Case 3
	2
	22.5



	Case 4
	2
	30
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Table 2. Values of parameters used in the PF model.
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	Parameters
	Values





	Em
	144.8 GPa [38]



	νm
	0.3



	σy0m
	220 MPa [38]



	Hm
	2 GPa [38]



	ECu
	95 GPa [39]



	νCu
	0.3



	σy0Cu
	45 MPa [39]



	HCu
	50 MPa [39]



	DCu
	D0Cu = 4.16 × 10−4 m2/s, Q0Cu = 306.2 kJ/mol [40]



	DCr
	D0Cr = 2.29 × 10−15 m2/s, Q0Cr = 74.4 kJ/mol [41]



	DFe
	D0Fe = 1.0 × 10−5 m2/s, Q0Fe = 260.0 kJ/mol [42]



	DNi
	D0Ni = 1.7 × 10−5 m2/s, Q0Ni = 272.0 kJ/mol [42]



	γ
	8.1 mJ/m2 [43]



	Δ
	1 nm



	am
	0.3639 nm [43]



	δCr
	6.1 × 10−3 [44]



	δNi
	4.75 × 10−4 [25]



	δCu
	3.29 × 10−2 [25]
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