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Abstract: With the addition of microalloy elements to a high-strength low-alloy (HSLA) steel, var-
ious fine particles of carbides and nitrides are formed, which increase the matrix strength. These
precipitates play a crucial role in precipitation strengthening. However, the role of precipitates in
microstructural refinement is frequently overlooked. In this study, a series of hot-rolled HSLA steel
samples were reheated to different temperatures above the austenite transformation point for a speci-
fied period to refine austenite grains via precipitation, then cooled to a dual-phase (austenitic/ferritic)
region, and finally air-cooled to room temperature. The influences of different austenitising con-
ditions on the microstructure and mechanical properties of the HSLA steel were examined. When
a hot-rolled sample was reheated to 15 ◦C above the austenitic transition temperature for 20 min
and then cooled to 25 ◦C below the austenitic transition temperature for 25 min, the most low-angle
boundaries were formed, and the smallest effective grain size was achieved. Meanwhile, compared
with the hot-rolled sample, the tensile and yield strengths of the reheated sample increased by 12.3%
and 3.4%, respectively, while the elongation increased by 162.5%, exhibiting a good strength–ductility
balance. By adopting an appropriate austenitising process, precipitates can refine the crystalline
grains during austenitisation, thereby enhancing the comprehensive mechanical properties of the
steel. Meanwhile, excessively high austenitising temperatures lead to the coarsening of the steel mi-
crostructure, decreasing the microstructural refinement efficiency via precipitation and consequently
degrading the comprehensive mechanical properties of the steel. The findings provide valuable
insights into the preparation process design of such steels or other steels with similar microstructures.

Keywords: HSLA steel; mechanical properties; microstructure; austenitising; strength–ductility balance

1. Introduction

High-strength low-alloy (HSLA) steel is a low-cost high-performance steel, and con-
siderable efforts have been spent in the past few decades to improve its mechanical per-
formance. Previous studies suggested that the contributions of different strengthening
mechanisms to the strength of steels primarily originated from the obstruction of dislo-
cation motions by dislocations [1–3], solute atoms [4], grain boundaries [5], and phase
interfaces [1]. However, traditional challenges such as significantly reduced plasticity and
toughness are frequently encountered when the steel strength is improved. Thus, it is
difficult to balance the alloy strength and plasticity.

Although ferrite and pearlite structures exhibit good toughness and ductility, their
strengths are relatively low and cannot be easily improved. While martensite possesses
high strength, it lacks toughness. The strength and toughness of a ferrite + bainite mixture
or monophase bainite fall between those of a ferrite + pearlite mixture and martensite with
a higher potential for achieving a strength–toughness balance. This combination presents
a promising direction for the development of energy-saving microalloyed high-strength
steels in the future [6].
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For HSLA steels, several equilibrium and non-equilibrium structures appear succes-
sively during continuous cooling, including polygonal ferrite, quasi-polygonal ferrite, We-
instein ferrite, acicular ferrite, granular bainite (GB), lath bainite (LB), martensite (M), and
martensite–austenite (M–A) island structures [7]. GB is an important mid-temperature struc-
ture formed by the distribution of M–A islands on blocky or lath ferrites with high-density
dislocations, although some controversy exists regarding its transformation mechanism.

Previous research studies have shown that a desired combination of strength, plas-
ticity, and toughness can be achieved by appropriate heat treatment of HSLA steels with
LB or M compared to those with a GB microstructure because GB typically contains an
equiaxed bainitic ferrite matrix and massive M–A constituents [8]. These constituents
decompose into ferrite and coarse carbides and/or agglomerated carbides during heat
treatment, which exerts adverse effects on their plasticity and toughness [9–11]. Mean-
while, compared with the LB and M, equiaxed bainitic ferrite has a larger effective grain
size and relatively low strength and toughness [12,13]. However, preparing an LB and
M matrix typically requires a high cooling rate. In HSLA steels, excessively high cooling
rates inhibit the formation of uniform fine precipitates (such as carbonitrides), thereby
decreasing the precipitation-strengthening efficiency. Therefore, remarkable improvements
in the strength and plasticity of HSLA steels cannot be achieved by optimising the rolling
process alone [14–16]. Modification of the heat treatment process is essential for attaining
superior microstructures and mechanical properties.

It is widely known that precipitates (such as carbonitrides) strengthen materials by
impeding dislocation movements. However, the role of precipitates in microstructural
refinement is frequently overlooked. For this purpose, a series of HSLA steel samples were
reheated to different temperatures above the austenite transformation point for a specified
period to refine austenite grains by generating precipitates, then cooled to a dual-phase
(austenitic/ferritic) region for a period of time, and finally cooled to room temperature to
refine the ferrite–pearlite microstructure and obtain an HSLA steel with excellent strength
and ductility. The aim of the present work was to investigate the influence of the heat
treatment process conducted at various austenitising conditions on the microstructure
and mechanical properties of HSLA steels. Its findings provide valuable insights into the
preparation process design of such steels or other steels with similar microstructures.

2. Materials and Experimental Procedure

An HSLA steel microalloyed with 0.15% Ti, 0.19% Mo, and 0.04% Nb was studied in
this work (its detailed composition is listed in Table 1). First, the steel was melted, cast,
and forged according to its chemical composition. The obtained billets were moved into a
soaking furnace and heated to 1200–1250 ◦C for 50–80 min. Second, two-stage controlled
rolling was performed; the rough rolling temperature was lower than 1150 ◦C, and the final
rolling temperature was 1000–1050 ◦C. The temperature of finish rolling was lower than
950 ◦C, and the final temperature of finish rolling was 850–880 ◦C.

Table 1. Chemical composition of the investigated HSLA steel (wt.%).

C Si Mn P Ti Cr S Mo Nb Fe

0.3 0.25 1.39 0.007 0.15 0.3 0.003 0.19 0.04 Bal.

After rolling, the steel plates were cooled first to 600–650 ◦C using a laminar flow and
then to 25 ◦C at a cooling rate of 10 ◦C/h. Finally, the steel plates were cut into smaller
pieces for heat treatment. The austenite transition temperature (Ac1) was measured via
differential scanning calorimetry (DSC). Differential Scanning Calorimetry (DSC) was used
to examine the thermal properties of a 20–50 mg sample in an Al2O3 crucible and it was
tested from 25 to 1000 ◦C at a heating rate of 5 ◦C/min under 400 sccm of Ar flow. The
utilised heat treatment schedule is shown in Figure 1a. According to this schedule, six
groups of materials were first heated to 15, 30, and 45 ◦C above the austenite transition
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temperature for 10 and 20 min, then cooled to 25 ◦C below the austenite transition point for
25 min at a rate of 20 ◦C/min, and finally air-cooled to room temperature. The austenite
transition temperature measured by DSC was 794 ◦C (Figure 1b). The resulting series
of the heat-treated samples were abbreviated 809-10, 809-20, 824-10, 824-20, 839-10, and
839-20, respectively.

Metals 2024, 14, x FOR PEER REVIEW  3  of  16 
 

 

was tested from 25 to 1000 °C at a heating rate of 5 °C/min under 400 sccm of Ar flow. The 

utilised heat  treatment schedule  is shown  in Figure 1a. According  to  this schedule, six 

groups of materials were first heated to 15, 30, and 45 °C above the austenite transition 

temperature for 10 and 20 min, then cooled to 25 °C below the austenite transition point 

for 25 min at a rate of 20 °C/min, and finally air-cooled to room temperature. The austenite 

transition temperature measured by DSC was 794 °C (Figure 1b). The resulting series of 

the heat-treated samples were abbreviated 809-10, 809-20, 824-10, 824-20, 839-10, and 839-

20, respectively. 

 

Figure 1. (a) Schematic of heat treatments for HSLA steel, the “austenite hold”  indicates thermal 

insulation in the austenite region and the “ferrite + austenite hold” indicates thermal insulation in 

the ferrite and austenite two-phase region. (b) DSC patterns of the experimental steel for the hot-

rolled state. 

The heat-treated  sheet  coupons were machined  into  standard  tensile  test  samples 

with a gauge length of 78.6 mm and width of 14 mm, having the long axis oriented in the 

rolling direction. Tensile tests were conducted on samples with gauge sizes of ϕ5 mm × 30 

mm at ambient temperature and a crosshead speed of 3 mm·min−1 using a Zwick Z050 

tensile testing machine. Metallographic samples were prepared via conventional metallo-

graphic techniques. Microstructural examinations were performed using an FEI Inspect 

F50 scanning electron microscope (SEM). Grain boundary statistics of the samples were 

analysed via electron backscatter diffraction (EBSD), which was performed on the FEI In-

spect F50 SEM at a step size of 0.5 µm, and the obtained results were interpreted using the 

Oxford Instruments Channel 5HKL 2.0 software package. In this study, a crystallographic 

misorientation angle greater than 15° was defined as an effective grain boundary of HSLA 

steels. Thin foil specimens for transmission electron microscopy (TEM, Tecnai F20) obser-

vations were prepared with a twin-jet electropolisher at a voltage of 18 V and temperature 

of 25 °C using a solution of 10 vol.% perchloric acid and 90 vol.% ethanolate. The phase 

structures  and  the dislocation density of  samples were  identified by X-ray diffraction 

(XRD). A Rigaku SmartLab X-ray diffractometer (CuKα: 40 kV, 200 mA) was used, after 

the sample was ground and polished, with a scanning speed of 0.5/min. The precipitate 

sizes and fractions were measured by quantitative image analysis on quenched samples. 

At least ten TEM images at different positions were selected. To separate the small and 

large precipitates from the images, the software Image-Pro Plus was used with the seg-

mentation and threshold functions. 

3. Result and Discussion 

3.1. Microstructural Characteristics 

The SEM images of the hot-rolled and four typical heat-treated samples are shown in 

Figure 2. The normalised microstructures of the hot-rolled samples are those of GB com-

posed of bainitic ferrite and M–A constituents. Based on the characteristics of these con-

stituents, GB was classified into two types, namely, GB1 and GB2. According to Figure 2a, 

Figure 1. (a) Schematic of heat treatments for HSLA steel, the “austenite hold” indicates thermal
insulation in the austenite region and the “ferrite + austenite hold” indicates thermal insulation
in the ferrite and austenite two-phase region. (b) DSC patterns of the experimental steel for the
hot-rolled state.

The heat-treated sheet coupons were machined into standard tensile test samples with
a gauge length of 78.6 mm and width of 14 mm, having the long axis oriented in the rolling
direction. Tensile tests were conducted on samples with gauge sizes of ϕ5 mm × 30 mm at
ambient temperature and a crosshead speed of 3 mm·min−1 using a Zwick Z050 tensile
testing machine. Metallographic samples were prepared via conventional metallographic
techniques. Microstructural examinations were performed using an FEI Inspect F50 scan-
ning electron microscope (SEM). Grain boundary statistics of the samples were analysed
via electron backscatter diffraction (EBSD), which was performed on the FEI Inspect F50
SEM at a step size of 0.5 µm, and the obtained results were interpreted using the Oxford
Instruments Channel 5HKL 2.0 software package. In this study, a crystallographic misori-
entation angle greater than 15◦ was defined as an effective grain boundary of HSLA steels.
Thin foil specimens for transmission electron microscopy (TEM, Tecnai F20) observations
were prepared with a twin-jet electropolisher at a voltage of 18 V and temperature of
25 ◦C using a solution of 10 vol.% perchloric acid and 90 vol.% ethanolate. The phase
structures and the dislocation density of samples were identified by X-ray diffraction
(XRD). A Rigaku SmartLab X-ray diffractometer (CuKα: 40 kV, 200 mA) was used, after
the sample was ground and polished, with a scanning speed of 0.5/min. The precipitate
sizes and fractions were measured by quantitative image analysis on quenched samples. At
least ten TEM images at different positions were selected. To separate the small and large
precipitates from the images, the software Image-Pro Plus was used with the segmentation
and threshold functions.

3. Result and Discussion
3.1. Microstructural Characteristics

The SEM images of the hot-rolled and four typical heat-treated samples are shown
in Figure 2. The normalised microstructures of the hot-rolled samples are those of GB
composed of bainitic ferrite and M–A constituents. Based on the characteristics of these
constituents, GB was classified into two types, namely, GB1 and GB2. According to
Figure 2a, in the GB1 region, the equiaxed bainitic ferrite phase formed inside prior austenite
grains was randomly decorated with massive M–A constituents. GB2 differs from GB1
by the presence or distribution of M–A constituents and bainitic ferrite morphology. In
particular, GB2 contains elongated M–A constituents and well-developed lath substructures
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inside the bainitic ferrite matrix. These are highly consistent with the previous research of
Jiang et al. [17]. These massive M–A constituents are primarily located at the prior austenite
grain boundaries and randomly distributed in the equiaxed bainitic ferrite regions, whereas
the M–A constituents in the stringer form are distributed parallel to each other, mainly at the
lath bainitic ferrite boundaries. The sizes of massive M–A particles were typically 1–3 µm,
whereas the elongated M–A particles had lengths of 5–10 µm and widths of 0.4–1 µm
(Figure 2b).
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Figure 2. SEM micrographs of the normalised samples, (a,b) hot-rolled sample, (c) 809-10, (d) 809-
20, (e) 824-20, and (f) 839-20. “F”, “P”, and “M–A” represent ferrite, pearlite, and martensite–
austenite, respectively.

The microstructures of the four typical heat-treated samples are shown in Figure 2c–f.
In the obtained SEM images, the dark regions depicted as large blocked structures cor-
respond to the ferrite phase, and the light regions represent M–A constituents with is-
land structures. Lamellar pearlite species surround the edges of M–A islands, and grain
boundaries are distributed over the bulk ferrite phase (Figure 2c). After the austenitisa-
tion time was extended to 20 min, the M–A particles became smaller, and their volume
fraction decreased; however, the austenite grain boundaries became more pronounced
(Figure 2d). Pearlite particles were distributed around the blocked ferrites which grew
along the austenitic grain boundaries. The amount of the pearlite phase is related to the
austenite content and hold time in the α+β tow-phase region, which affects the austenite
transformation into ferrite and pearlite [1]. A higher temperature is conducive to austenite
formation at the initial stage of the heat treatment; therefore, the pearlite amount increases
in Figure 2e,f.

3.2. Mechanical Properties

The room-temperature engineering stress–strain curves recorded for the hot-rolled and
four typical heat-treated samples are shown in Figure 3. The tensile strength, yield strength,
and elongation values of the hot-rolled samples are 751 MPa, 564 MPa, and 8%, respectively
(as shown in Table 2). At an austenite hold time of 10 min, the austenite sample (824-10)
exhibits the highest yield strength and tensile strength at a hold temperature of 824 ◦C, but
the lowest elongation (Table 2). The yield and tensile strength of the 824-10 sample are
equivalent to those of the hot-rolled sample, while its elongation increases by 106.3%. At
an austenitisation time of 20 min, the yield and tensile strengths of the samples decrease



Metals 2024, 14, 850 5 of 16

gradually with increasing austenitisation temperature. It has been reported that almost
96–97% of structures are martensite phase in the MA structure [18]. The presence of small
amounts of retained austenite in MA is also reported by other authors [19]. MA structure
usually results in steel with higher strength and lower toughness and plasticity. This is
also one of the reasons why hot-rolled steel has a higher strength and lower elongation
compared to heat-treated steel.
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Table 2. Yield strength, tensile strength, and elongations of the samples in different conditions from
the tensile tests.

Sample Rot-rolled 809-10 809-20 824-10 824-20 839-10 839-20

Yield strength/MPa 564 443 583 551 445 416 463

Tensile strength/MPa 751 693 843 798 775 705 767

Elongation/% 8 25 21 16.5 20 18.5 19.5

Notably, increasing the austenitisation temperature and time promotes the growth of
austenite grains, leading to the formation of coarser ferrite and pearlite substructures at
room temperature. Meanwhile, more austenite is produced, and, when the temperature
drops to the value corresponding to the two-phase region, more ferrite and pearlite grains
with lower strengths are produced. Compared with the hot-rolled sample, the tensile
and yield strengths of the 809-20 sample increased by 12.3% and 3.4%, respectively, while
the elongation increased by 162.5%, demonstrating a good strength–ductility balance.
This phenomenon may be related to the pinning effect of precipitates at austenite grain
boundaries, which will be further discussed in this article.

3.3. Effect of Austenitising Conditions on Microstructural Properties

Figure 4 shows the inverse pole figures and distributions of grain boundary angles
of the hot-rolled and four typical heat-treated state samples. The high-angle boundary
(HAGB, θ > 15◦) areas are black, and the low-angle boundary (LAGB, 2◦ < θ < 15◦) areas
are red and green. At an austenitisation temperature of 809 ◦C, the proportion of LAGBs
slightly increases with an increase in the austenitisation time from 10 to 20 min, indicating
the formation of additional sub-grains (Figure 4f,i). This phenomenon may be related to
the pinning effect of the precipitation of carbides and nitrides of microalloying elements
(such as Ti and Nb in steels) on the dislocation movement. With prolonged austenitisation,
precipitates gradually coarsen, enhancing their ability to hinder the dislocation recovery
and climb, thus forming LAGBs. Consequently, the LAGB proportion increases.
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Figure 4. Inverse pole figures, grain boundary distribution maps, and grain boundary misorientation
distribution maps for the hot-rolled and heat-treated samples, (a–c) hot-rolled sample, (d–f) 809-10,
(g–i) 809-20, (j–l) 824-20, and (m–o) 839-20.

Generally, an increase in the number of LAGBs indicates an increase in the number of
dislocations in steel, which improves the material strength. Owing to the higher austeniti-
sation temperature, the diffusion of carbon and iron atoms proceeded faster, which was
favourable for the nucleation and growth of austenite species. Many HAGBs were formed,
and dislocations disappeared at the higher phase-transition temperatures. Therefore, after
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increasing the austenitisation temperature to 824 and 839 ◦C and holding for 20 min, the
amount of LAGBs decreased to 62.11% and 40.78%, respectively (Figure 4l,o). In addition
to the 839-20 sample whose proportion of LAGBs was lower than that of the hot-rolled
sample, the proportions of LAGBs in the other heat-treated samples were higher than that
of the hot-rolled sample, implying that the dislocation density of the 839-20 sample was
also high.

Figure 5 shows the kernel average misorientation (KAM) maps of the hot-rolled
steels. Generally, the higher KAM values indicate the higher dislocation densities in a
sample. The hot-rolled sample demonstrates the highest KAM value. The observed trend of
KAM value changes is consistent with the distribution of low-angle boundaries in several
samples, indicating that, as the austenitisation temperature increases, the dislocation
density gradually decreases. However, the dislocation density of the 809-20 sample is
higher than that of the 809-10 sample, demonstrating the highest dislocation density among
the heat-treated samples.
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Figure 5. Kernel average misorientation maps of the samples, (a) hot-rolled sample, (b) 809-10 (c)
809-20, (d) 824-10, and (e) 838-20.

To confirm the observed changes in the dislocation density, X-ray diffraction patterns of
the analysed samples were recorded (Figure 6). Multi-peak Gaussian fitting was performed
to fit the data and obtain the best-fit curve. Based on the Williamson–Hall equation [20]:

βTcosθ = ε(4sinθ) +
kλ

L
(1)

where L is the effective grain size (nm) and the microstructure distinguished by HAGB is
commonly referred to as effective grain size. k is the constant (in this work, k = 0.9), ε is the
microstrain, and λ the X-ray wavelength (λ = 1.5418 Å). Therefore, the dislocation density
can be computed as follows (2):

δ =
1
L2 (2)

where δ is the dislocation density (nm−2) and L is the effective grain size (nm). Detailed data
are presented in Table 3. It shows that the 809-20 sample exhibits the highest dislocation
density among the heat-treated samples, which is consistent with the EBSD results.
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Figure 6. XRD patterns of the hot-rolled and heat-treated samples.

Table 3. Average effective grain size, dislocation density, and average precipitate size of the samples
in different conditions.

Sample
Average

Effective Grain
Size/µm

Dislocation
Density/nm−2

Average Large
Precipitate

Size/nm

Average Small
Precipitate

Size/nm

Rot-rolled 6.26 1.26 × 10−2 109.58 8.56
809-10 4.35 0.491 × 10−2 113.43 8.83
809-20 3.68 0.906 × 10−2 115.68 9.28
824-20 5.35 0.641 × 10−2 121.32 12.21
839-20 7.26 0.437 × 10−2 126.74 13.52

Table 3 also shows the effective grain sizes of several samples measured via EBSD.
As the austenitisation temperature increases, the effective grain size gradually increases.
However, the effective grain size of the 809-20 sample is smaller than that of the 809-
10 sample, which is the lowest value among the several samples. At an austenitisation
temperature of 809 ◦C and holding time of 10 min, only partial austenitisation occurs in the
alloy microstructure owing to the low temperature. Therefore, many large grains remain in
the original structure, and the resulting grain size is relatively large under these conditions.
As the austenitisation time was extended to 20 min, the austenitisation process was nearly
complete and the grains did not grow further, at which point the sample had a smaller grain
size. Therefore, it exhibited a smaller effective grain size after cooling to room temperature.

In addition, the grain boundary migration observed for the 809-10 sample was less
intense owing to the incomplete austenite transformation, which exerted a weaker pinning
effect of precipitates on the grain boundary migration. As the ausenitisation time was
extended to 20 min, the proportion of the moved grain boundaries increased and precip-
itates gradually grew, exerting a stronger pinning effect on grain boundaries. Therefore,
the effective grain size of the 809-20 sample was the smallest. However, atomic diffusion
intensified as the austenitisation temperature continued to increase, thus weakening the
pinning effect. The average precipitate size of the samples increased with the increase
in heat treatment temperature and time (Table 3). In fact, the critical effective grain size
that can be effectively pinned without growth is directly proportional to the size of the
precipitate and inversely proportional to the volume fraction of the precipitate [21]. To
reduce the size of the effective grains, the precipitates require a sufficient volume fraction
and small size. Therefore, it is effective to precipitate more fine precipitates and pin grain
boundaries through heat treatment.
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To better understand the observed changes in the effective grain size, the austenite
transformation process was investigated. The austenite transformation fraction can be
expressed as [22] follows:

fau(t) =
∫

4π(1 − ∑ fau(t))NγR2
γ(t)V(t)dt (3)

where fau(t) is the austenite volume fraction formed at time t; ∑ fau(t) is the total austenite
volume fraction; and Nγ is the volume density of all austenite grain nuclei, which is
calculated as follows:

Nγ = ∑3
i=1 Nγi (4)

where Nγ1, Nγ2, and Nγ3 are the nucleus volume densities in the three nucleation modes.
The detailed calculation method can be referred to in reference [22]. Rγ(t) is the radius of
austenite grains at time t, which is calculated as follows:

Rγ(t) =
∫ t

0
Vγ(t)dt (5)

where Vγ(t) is the effective growth rate of spherical grains, Vγ = ∑k Vkfk; fk = fk(t) is
the current volume fraction of the k component of the alloy microstructure; and k denotes
ferrite, pearlite, or martensite. Using this model, the austenite transformation fraction
can be calculated at specific austenitisation temperature and time. JMatPro 7.5 software
may also be used to compute the austenite transformation fraction. The calculation results
obtained via both methods are listed in Table 4.

Table 4. The calculation results of the austenite transformation fraction at specific austenitizing
temperature and time.

Sample
Austenite Transformation Fraction/%

By Model in Reference [19] By JMatPro

809-10 41.5 49.1
809-20 87.6 93
824-20 100 100
839-20 100 100

They indicate that sample 809-10 is partially austenitised, while the 809-20 sample has
almost completed the austenitisation process. In addition, the 824-20 and 839-20 samples
have completed the austenitisation process and undergone rapid austenite growth. Based
on these data, further improvements in the strength and ductility of the hot-rolled samples
can be achieved through the optimisation of the heat treatment process. The 809-20 sample
exhibits a higher strength owing to its higher dislocation density, whereas its minimum
effective grain size is a key factor contributing to the high strength and ductility. Thus,
modifying the heat treatment process can enhance the mechanical properties of a material.

3.4. Nano-Sized Precipitate Structure

The TEM images of the hot-rolled samples are shown in Figure 7a–e. A dislocation
loop is depicted in Figure 7a. Dislocation loops can cause large stress concentrations around
the precipitate phase, serving as crack nucleation points and increasing the risk of a brittle
fracture in the material [23]. Figure 7b shows that a large number of precipitates with
sizes of approximately 10 nm are dispersed in the matrix. A few precipitates with sizes
of approximately 110 nm are observed as well. The precipitate particles contain bright
cores, and the energy-dispersive X-ray spectroscopy (EDS) pattern suggests that the ratio
of Ti to C is approximately 1:1 (Figure 7c). Combined with the fast Fourier transform (FFT)
image of the central precipitate region (Figure 7b), the core composition was TiC formed via
strain-induced precipitation during rolling. Additionally, numerous elongated M–A islands
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are present at the lath boundaries (Figure 7d,e). However, in the annealed samples (809-20),
these M–A islands become shorter and a few carbides are present (Figure 7f). It can easily
be concluded that the shape and characteristics of the M–A constituents and bainitic ferrite
are closely linked to the continuous cooling rate, chemical composition, and transformation
temperature, which mainly depend on the diffusion of C and Fe atoms [24,25].
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Figure 7. TEM images of investigated samples, (a) the microtopography of hot-rolled sample, (b) the
precipitate in hot-rolled sample, (c) the EDS pattern of precipitate, (d) the morphology of M–A islands
for the hot-rolled sample in bright field, (e) the morphology of M–A islands for the hot-rolled sample
in dark field, and (f) the morphology of M–A islands for the 809-20 sample.

Figure 8 shows the TEM images of the samples subjected to different heat treatments.
According to Figure 8a, large precipitate particles are clearly observed in the 809-20 sample.
These particles have nearly spherical shapes with sizes of approximately 102–130 nm. The
sizes of the precipitates are not uniform, and a large number of fine particles with sizes of
approximately 5–12 nm are present in the TEM image (Figure 8b). This indicates that the
thermally induced precipitated particles are not uniformly distributed in austenite grains,
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and larger precipitates tend to form at the intersections of grain boundaries. However,
smaller precipitates form at grain boundaries and sub-boundaries. The size of precipitates
is related to the austenite hold time: when this time increases from 10 to 20 min, the size of
the large precipitates increases from 98–128 nm to 112–140 nm (in this study, the precipitate
sizes were measured using Image Pro Plus 6.0 software; approximately ten images were
scanned). The growth law of the precipitated carbide particles can be described by the
following equation [26]:

d = α
√

Dt (6)

where d is the mean diameter of precipitates, α is the coefficient of growth, D is the diffusion
coefficient of elements in precipitates, and t is the holding time. Therefore, the size of
precipitates primarily depends on the holding time and diffusion coefficient of elements.
Near the boundary, dislocations are clearly observed (Figure 8c), which may be a key factor
in increasing the steel strength. Dispersed fine precipitates that interact with dislocations
in steel can significantly improve its strength [27,28]. More importantly, these precipitates
obstruct the migration of grain boundaries, resulting in smaller effective grain sizes and
enhancing the strength and ductility of the material.

Metals 2024, 14, x FOR PEER REVIEW  11  of  16 
 

 

The sizes of the precipitates are not uniform, and a large number of fine particles with 

sizes of approximately 5–12 nm are present in the TEM image (Figure 8b). This indicates 

that the thermally induced precipitated particles are not uniformly distributed in austen-

ite grains, and  larger precipitates tend to form at the  intersections of grain boundaries. 

However, smaller precipitates form at grain boundaries and sub-boundaries. The size of 

precipitates is related to the austenite hold time: when this time increases from 10 to 20 

min,  the size of  the  large precipitates  increases  from 98–128 nm  to 112–140 nm (in  this 

study, the precipitate sizes were measured using Image Pro Plus 6.0 software; approxi-

mately ten images were scanned). The growth law of the precipitated carbide particles can 

be described by the following equation [26]: 

𝑑 ൌ 𝛼√𝐷𝑡  (4)

where d is the mean diameter of precipitates, α is the coefficient of growth, D is the diffu-

sion coefficient of elements in precipitates, and t is the holding time. Therefore, the size of 

precipitates primarily depends on the holding time and diffusion coefficient of elements. 

Near the boundary, dislocations are clearly observed (Figure 8c), which may be a key fac-

tor in increasing the steel strength. Dispersed fine precipitates that interact with disloca-

tions in steel can significantly improve its strength [27,28]. More importantly, these pre-

cipitates obstruct the migration of grain boundaries, resulting in smaller effective grain 

sizes and enhancing the strength and ductility of the material. 

 

Figure 8. TEM image of sample after different austenitizing conditions, (a,b) 809-20, (c) 809-10, (d) 

the image of precipitate in the 809-20 sample, and (e) the result of line scan for the precipitate in (d,f) 

the EDS pattern of precipitate in the 809-20 sample. 

Figure 8d,e displays the line scan direction and results, respectively, which indicate 

that elements are non-uniformly distributed in the precipitates. In the edge region of the 

precipitate, the major elements are Fe and C; however, in the middle region of the precip-

itate, the Ti content increases, while the Fe content decreases, and the C content remains 

basically unchanged. This indicates that the precipitate exhibits a core–shell structure, in 

which the Fe–C compound forms the shell, and the Ti–C compound forms the core. It is 

also suggested that, in the heat treatment process, the Ti–C compound is precipitated ear-

lier than the Fe–C compound because of the lower free energy. A considerable amount of 

Figure 8. TEM image of sample after different austenitizing conditions, (a,b) 809-20, (c) 809-10, (d) the
image of precipitate in the 809-20 sample, and (e) the result of line scan for the precipitate in (d,f) the
EDS pattern of precipitate in the 809-20 sample.

Figure 8d,e displays the line scan direction and results, respectively, which indicate
that elements are non-uniformly distributed in the precipitates. In the edge region of the
precipitate, the major elements are Fe and C; however, in the middle region of the precipitate,
the Ti content increases, while the Fe content decreases, and the C content remains basically
unchanged. This indicates that the precipitate exhibits a core–shell structure, in which
the Fe–C compound forms the shell, and the Ti–C compound forms the core. It is also
suggested that, in the heat treatment process, the Ti–C compound is precipitated earlier
than the Fe–C compound because of the lower free energy. A considerable amount of Nb
(10.64%) is detected by EDS (Figure 8f); meanwhile, Nb likely increases the strength of the
HSLA steel through the precipitation of the second phase [29–31].

As shown in Figure 9a, the precipitate contains a core. To investigate the elemental
distribution of the precipitates, an elemental mapping analysis was performed (Figure 9b),
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suggesting that C and Ti are mainly concentrated in the core, whereas Nb is uniformly
distributed in the precipitate. Figure 9c,f displays the high-resolution transmission electron
microscopy (HRTEM) images of the middle and edge regions of the precipitates. Several
diffraction points are present in the FFT image in the middle region of the precipitate
(Figure 9d), suggesting the existence of at least two phases. According to the line scan
results, the phases in the middle region of the precipitate correspond to Fe3C and Ti8C5
species. In the precipitate edge region, only two bright diffraction points are present near
the centre, which is significantly different from the middle region. Hence, this region
mainly consists of a single phase. The inverse fast Fourier transform (IFFT) image depicted
in Figure 9h indicates the existence of only one lattice type with a spacing of approximately
2.403 Å, which confirms the formation of the Fe3C phase in the edge region.
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precipitate, (c) HRTEM image of precipitate’s centre region, (d) FFT image corresponding centre region
of precipitate, (e) IFFT image of precipitate’s centre region, (f) HRTEM image of precipitate’s edge
region, (g) FFT image corresponding edge region of precipitate, and (h) IFFT image of precipitate’s
edge region.
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3.5. Strengthening Mechanism

The strength of steels depends on various factors, such as the matrix strength, precipi-
tate amounts and sizes, dislocation density, etc. The yield strength can be expressed using
the Hall–Petch relationship [32–34]:

σy = σi + σs + σprec + σdisloc + σg (7)

where σi is the contribution of crystal lattice hardening, σs is the contribution of solution
hardening, σprec is the contribution of precipitation hardening, σdisloc is the contribution of
dislocation hardening, and σg is the contribution of grain refinement hardening. According
to previous studies, varying heat treatment conditions changes the dislocation density,
effective grain size, and precipitates; therefore, in this work, the mechanical properties
of materials may be enhanced via dislocation hardening, grain refinement hardening,
and precipitation hardening. Hence, the contributions of dislocation hardening, grain
refinement hardening, and precipitation hardening were estimated. The dislocation density
was calculated in the above-mentioned study; therefore, the corresponding hardening
contribution can be computed using Taylor’s equation:

σdisloc = αMµbρ0.5 (8)

where α is a numerical constant, M is the Taylor factor, µ is the shear modulus (µ = 8 × 104 MPa),
b is Burgers’ vector (2.48 × 10−10 m), and ρ is the dislocation density. According to
Equation (4), the dislocation density strongly depends on the αM value. Herein, αM = 0.9,
which has been used in the literature [35]. The grain refinement hardening contribution
σg = KHPD−1/2, where KHP is the coefficient related to the crystal type and grain size,
and D is the average grain size. Precipitation hardening can be evaluated via the Ashby–
Orowan equation:

∆σprec =
0.538 × Gb × f 1/2

v
X

ln(
X
2b

) (9)

where ∆σprec is the yield strength increment due to precipitation hardening (MPa); G is the
shear modulus (MPa), which is equal to 81,600 MPa for steels; b is Burger’s vector (nm),
which is equal to 0.248 nm for ferrite; fv is the volume fraction of precipitates; and X is
the diameter of precipitate particles (nm). The area fraction of precipitates produces no
significant effect on the calculation results. The calculated values for the dislocation hard-
ening, grain refinement hardening, and precipitation hardening contributions are listed in
Table 5. All samples exhibit similar precipitation hardening values, and the 809-20 sample
demonstrates a stronger fine-grain strengthening effect. Compared with the 809-10 sample,
the 809-20 sample exerts a stronger pinning effect on the migration of grain boundaries
owing to its larger precipitate size. Although the 824-20 and 839-20 samples exhibit strong
precipitation strengthening effects, the hindrance of precipitates on grain boundary mi-
gration is limited due to the accelerated atomic diffusion at higher temperatures. This
increases the austenitisation rate and promotes the rapid growth of the austenite grain
size, which weakens the material more significantly than the precipitation-strengthening
effect. Consequently, the 824-20 and 839-20 samples possess weaker combined mechanical
properties. The calculated values of σy were slightly higher than the measured values,
but their variation patterns with heat treatment temperature and time were consistent
with the measured values. The 809-20 sample exhibited optimal yield strength (Table 5).
By adopting an appropriate austenitisation process, precipitates can effectively refine the
steel microstructure, thus enhancing its overall mechanical properties. However, exces-
sively high austenitisation temperatures coarse the steel microstructure, decreasing the
microstructural refinement efficiency via precipitation and consequently weakening the
comprehensive steel mechanical properties.
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Table 5. The calculation results of dislocation hardening, grain refining hardening, precipitate
hardening, and yield strength σy.

Sample Precipitation
Hardening/MPa

Grain Refining
Hardening/MPa

Dislocation
Hardening/MPa σy

Rot-rolled 50.32 279.7 224.6 595.36
809-10 64.99 335.6 126.18 566.23
809-20 65.91 364.8 171.36 643.36
824-20 66.19 302.6 144.10 556.75
839-20 66.43 259.8 119.02 496.65

4. Conclusions

In this study, a series of HSLA steel samples were prepared by varying the austeni-
tisation temperature and time. The influence of the heat treatment conditions on the
microstructure and mechanical properties of the HSLA steel with a chemical content (wt.%)
of Fe-0.3C-0.25Si-1.39Mn-0.007P-0.15Ti-0.3Cr-0.003S-0.19Mo-0.04Nb was studied, and the
following conclusions were derived.

(1) When the hot-rolled sample was reheated to 15 ◦C above the austenitic transition
temperature for 20 min and then cooled to 25 ◦C below the austenitic transition
temperature for 25 min, more low-angle boundaries were formed, and the smallest
effective grain size was achieved.

(2) Compared with the hot-rolled sample, the tensile and yield strengths of the 810-20 sam-
ple (the sample was first heated to 15 ◦C above the austenite transition temperature for
20 min, then cooled to 25 ◦C below the austenite transition point for 25 min, and finally
air-cooled to room temperature) increased by 10.2% and 3.1%, respectively, while the
elongation increased by 162.5%, exhibiting a good strength–ductility balance.

(3) By adopting an appropriate austenitisation process, precipitates can refine crystalline
grains during austenitisation, thus enhancing the comprehensive mechanical proper-
ties of the steel.

(4) Excessively high austenitisation temperatures coarsen the steel microstructure, de-
creasing the microstructural refinement efficiency via precipitation and consequently
weakening the comprehensive mechanical properties of the steel.

(5) After heat treatment, a large number of fine particles with sizes of approximately
5–12 nm are dispersed in the matrix, and a few precipitates have nearly spherical
shapes with sizes of approximately 102–130 nm. The precipitate exhibits a core–shell
structure, in which the Fe–C compound forms the shell, and the Ti–C compound
forms the core.
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