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Abstract

:

A fine-grained 5A70 alloy sheet was obtained through a combination of rolling and heat treatment, with a total deformation reduction of 90% and an average grain size of 8.48 μm. The alloy was studied at 400, 450, 500, and 550 °C and exhibited excellent elongation-to-failures of 205, 321, 398, and 437% with coefficients for the strain rate sensitivity of 0.42, 0.40, 0.47 and 0.46, respectively. Electron backscatter diffraction (EBSD) results revealed that the massive grain boundaries were high angle boundaries, suggesting that boundary sliding and grain rotation occurred during superplastic deformation. The X-ray diffraction (XRD) and energy dispersive spectrometer (EDS) results indicated that the compositions were the Al6(MnFe) and Mg-rich phase particles of the deformed 5A70 alloy. In addition, the weakening of the pinning effect led to abnormal grain growth at 500 and 550 °C, resulting in strain hardening. Transmission electron microscopy (TEM) examinations demonstrated that the applied stress at the head of the precipitated particles and/or grain boundaries exceeded the matrix-structure-promoted cavity nucleation. Cavities grew, interlinked, and coalesced, which resulted in crack formation that eventually led to superplastic fractures. Filaments formed at the fracture surfaces because of second phase precipitation at grain boundaries and the formation of Mg-rich oxides.
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1. Introduction


Due to the excellent combination of strength, corrosion resistance, weldability, formability, and low cost, Al-Mg alloys are widely used in the aircraft, shipbuilding, and automotive industries [1]. However, Al-Mg alloys are not heat treatable, so high strengths are achieved through solution hardening using the Mg atoms that are retained in the solid solution, through precipitation hardening from the second phase particles, or through strain hardening effects [2,3,4,5]. Accordingly, additional contents of alloying elements, Mn, Ti, and Zr, refine the recrystallized grain size, while the Cu and Mg effectively improve the strength of Al-Mg alloys. The subcrystal and grain sizes of Al-Mg alloys are refined with the increasing Mg concentration. Furthermore, recrystallization can promote the evolution of the grain orientation towards high-angle grain boundaries [6,7]. It is known that the increase in magnesium content (3–8.5%) provides finer grains and improves the elongation-to-failure, δ, in Al-Mg alloys [8,9,10].



Numerous domestic and literature studies have been conducted concerning different methods used to prepare Al-Mg alloys and investigations on their superplasticity in the preceding decades. The equal channel angular pressing (ECAP) [11,12,13,14,15,16] and friction stir welding/processing (FSW/FSP) [17,18,19,20,21,22] technologies were used to prepare the fine/ultrafine grain structure of Al-Mg alloys to investigate their superplasticity. For example, the 5083 alloy was prepared using the FSW method and its superplastic behavior was investigated in the temperature range from 250 to 450 °C [23]. The results revealed that reasonable superplasticity with an elongation-to-failure of 570% was achieved at 300 °C and 8.3 × 10−3 s−1. In addition, the research regarding the superplasticity of Al-Mg alloys with an Mg content lower than 5.5 wt.% and refined structure showed excellent elongation. With the development of the lightweight aviation industry and the requirements of sonic and supersonic aircraft, the superplastic form of aluminum alloy sheet metal can survive severe plastic deformations, reduce the weight, and increase the strength for complex structures. Therefore, high-strength Al-Mg alloys have significant advantages in stamping parts, including the fuselage, stringer, vertical tail skin, etc. [24]. It is well-known that a high Mg content enhances the strength of Al-Mg alloys; however, the precipitation of a large amount of Mg-rich phase particles can lead to strain hardening in superplastic tension. The requirements for military, aluminum-alloy, superplastic sheet products are continually increasing, so the demand for rolling and heat treatment (RHT) methods to prepare superplastic sheets is urgent. In this paper, the RHT method will be used to obtain a fine-grained 5A70 alloy, mainly for large sheet metal parts in industrial applications.



Structural superplasticity is the ability of polycrystalline materials to exhibit high tensile elongations without the formation of a neck prior to fracture because of a high valued strain rate sensitivity, m [25]. Strain rates during superplastic deformation with the fine-grained 5A70 alloy obey the following relationship [26,27,28,29,30]:


ε˙=AGD0bkT(bd)p(σ−σ0G)nexp(−QRT),



(1)




where, A is a dimensionless material constant; b is the Burgers vector; d is the grain size; σ is the applied stress; σ0 is the threshold stress; G is the shear modulus; k is Boltzmann’s constant; T is the absolute temperature; p is the exponent of the inverse grain size, which ranges from 2 to 3; n is the stress exponent, which is defined as 1/m; D0 is a frequency factor; Q is the activation energy; and R is the gas constant. For the majority of superplastic materials, the rate-controlling process of superplastic deformation is grain boundary sliding (GBS) [31]. An analysis of the superplastic tension testing and surface observation showed that lattice diffusion dominated the GBS mechanism in superplastic tension of the 5A70 alloy. This mechanism, through the diffusion activation energy and the strain rate sensitivity, was defined as a constant rate with a temperature dependence of the fine-grained structure. Therefore, this study focused on revealing the superplastic behavior characteristics of the 5A70 alloy with fine-grained structures that depend on temperatures, strain rates, and precipitated phases during superplastic deformation.




2. Materials and Methods


The studied 5A70 alloy (correspond to GB/T 3190-2008 (China)), with a chemical composition of Al-5.72Mg-0.60Mn-0.058Cu-0.20Fe-0.080Si-0.095Zr-0.020Zn-0.043Ti (wt.%), was fabricated using continuous casting. A differential scanning calorimeter (DSC) experiment was conducted using the processed sample on the SDT-Q600 thermo-analytical instrument (TA Instruments Inc., New Castle, PA, USA), and the curve was obtained at a heating rate of 5 °C/min for the 5A70 alloy immediately after solutionizing and natural aging. Meanwhile, the phase-transition temperature of the Al-5.7Mg alloy ranged from 255–575 °C, according to the Al-Mg binary phase diagram shown in Figure 1b [32]. The DSC curve in Figure 1a shows two endothermic peaks. The result of the first endothermic peak clearly indicates the onset of incipient solid solution at 556 °C, and the solid solution temperature of the β phase particles was 581 °C. The second endothermic peak demonstrates that the melting temperature of 5A70 aluminum alloy was 631 °C.



The prepared experimental alloy ingot was homogenized and annealed at 450 °C for 40 h. Then, the ingot alloy was rolled into a billet with a rectangular normal direction plane of 255 mm × 255 mm at 380 °C. A billet with a plate shape (200 mm × 200 mm × 25 mm) was processed from the state of the extruding ingot, and the natural aging treatment was ≥240 h. The size and distribution of the precipitated phases in the smelted and forged processes were controlled to promote nucleation during dynamic recrystallization. The billet was subjected to 14 passes of cold rolling on a 350 mm reversing cold mill. In addition, full recrystallization at 340 °C was performed for 30 min using a GS-2-1200 box-type resistance furnace when the sheet was 10 and 5 mm thick. Ultimately, a 2 mm thick fine-grained 5A70 alloy superplastic sheet was obtained. Further details of the rolling process and the full recrystallization system were reported in a previous work [33].



Specimens with 8 mm gauge lengths and 4 mm gauge widths were machined along the parallel rolling direction. Superplastic tensile tests were performed on an AG-250KINC Instron machine (Shanghai Gold Casting Instrument Analysis Co., Ltd., Shanghai, China) with a microprocessor control pad in an NV63-CV high temperature furnace. The tests were performed at 400, 450, 500, and 550 °C, and the initial strain rates were 5 × 10−3, 1 × 10−3, and 5 × 10−4 s−1 in air conditions. In addition, type-K thermocouples were used to detect the furnace temperature, which was controlled within approximately ±2 °C along the entire gauge length during the tests. The specimen was insulated at 340 °C for 10 min for full recrystallization; moreover, the furnace can control the temperature equilibrium during the heating process. The same heating rate, 21 °C/min, was utilized to reach the target temperature within 10 min and held for 2 min for stabilization.



Microstructural characterization and analysis of the 5A70 alloy were carried out using a Jeol-7100 (JEOL Ltd., Tokyo, Japan) transmission electron microscope (TEM), and a 600FEG (FEI Corporation, Hillsboro, OR, USA) scanning electron microscope (SEM). The average grain size was found using the linear intercept method with the OIM software (6.2.0 x86 version, EDAX Inc., Draper, UT, USA). The boundary orientation was measured by utilizing pixel-to-pixel measurements. To carry out the structural characterization in the SEM, specimens were cut into 5 mm sections near the superplastic fracture surface.




3. Results


3.1. Initial Microstructures


The 2 mm thick, deformed, superplastic sheet was fully recrystallized at 340 °C for 30 min, while the total deformation was 90% (20–2 mm). The electron backscatter diffraction (EBSD) map of the studied alloy based on the inverse pole figure coloring (insert) is shown in Figure 2. The average grain size of the fully recrystallized structure was 7.80 μm, the fraction of the high angle grain boundaries (HAGBs, θ ≥ 15°) was 0.96, and the average orientation angle was 38.0° in the rolling direction (RD) plane, as shown in Figure 2a,d,e. Similarly, Figure 2b,d,e show the recrystallization structure along the normal direction (ND) plane. The average grain size was 8.4 μm, the HAGBs were 0.51, and the average of the orientation angle was 19.4°. Figure 2c,d,e show the recrystallization structure along the transverse direction (TD) plane. The average grain size was 9.3 μm, the HAGBs were 0.85, and the average of the orientation angle was 35°. The GBS can frequently take place during superplastic deformation because of the fine-grained structure and high fraction of the HAGBs in the initial microstructures.



Grain fragmentation followed by rolling deformation of new grains rapidly occurred in the original grain interiors after full recrystallization, as shown in Figure 2a–c. The new grains exhibited ultrafine equiaxed structures along the original boundaries. The grain size distributions were uniform over all planes, and most of the grain sizes ranged from 5 to 10 μm. However, the low angle grain boundaries (LAGBs, θ = 2–15°) were as high as 57.4% in the ND plane whenever there was only 8.3 and 14.7% in the RD and TD planes, respectively. In summary, the larger the grain orientation angle and the higher the grain boundary index, the smaller the fine-grained size (average grain size = 7.8×8.4×9.33 = 8.48 μm).




3.2. Superplastic Deformation Behaviors


3.2.1. Elongation-to-Failure


Superplastic tensile tests focused on investigating the deformation mechanism at different temperatures, strain rates, and influences of the precipitated phases. The superplastic elongation-to-failure, δ, results for the 5A70 alloy are shown in Figure 3.



Figure 3a shows that the elongation-to-failure increased gradually with increasing temperatures and decreasing initial strain rates. Figure 3b shows that the samples were pulled to failure at different conditions, where the top image is the untested specimen. The 5A70 alloy exhibited reasonable δ values at 400 and 450 °C, with a moderate strain rate. However, excellent superplastic elongation-to-failures gave low strain rates at 500 and 550 °C, and the maximum δ value was 437% at 550 °C with 5 × 10−4 s−1. In addition, necking was not visible in the superplastic fracture surface and a stable superplasticity elongation was exhibited simultaneously.




3.2.2. True Strain-True Stress


Figure 4 shows the superplastic tensile results for the true strain-true stress of the fine-grained 5A70 alloy at 400–550 °C. At a constant temperature, the strain rate enhancement phenomenon of the materials was consistent with the general law of superplastic elongation characteristics and increased strain rate. The peak applied stress can be observed without the steady-state flow stage, which was the typical variation of the true stress-true strain behavior of the Al-Mg alloys [34,35,36]. The strain hardening was attributed to dislocation sliding/climbing. In addition, the dislocation density changed non-monotonically with the stable grain structure during the initial stages of superplastic deformation. A high dislocation density at the initial deformation for T = 400 °C with a high strain rate was caused by grain adaptation, i.e., the dislocation density increased rapidly and plugged in the grain, forming dislocation walls/cells and leading to an increased true stress. However, with the accumulation of deformation, the grain rotation occurred under shear stresses, and dislocations were absorbed by the grain boundaries, which led to the true stress remaining stable over a short period of time [37]. This is the reason that the true stress presented a step-up state. As the temperatures increased and the superplastic deformation accumulated, the true stress increased and the strain hardening gradually enhanced. At 500 and 550 °C with 5 × 10−4 s−1, superplastic δ values achieved 398 and 437% due to the strong reduction of the unstable superplastic flow. However, the effect of diffusion creep was continuously strengthened as the deformation accumulated. The strong pinning effect declined because of the dissolution of the precipitated second phase particles, and the decreasing of the pinning effect led to abnormal grain growth during superplastic tensile. In addition, the completion of the grain rotation at the final tensile stage, which cannot balance the shear stress caused by the true stress, continually increased, as shown in Figure 4b.




3.2.3. Strain Rate Sensitivity


The coefficient of strain rate sensitivity, m, indicates the capability of an alloy to resist necking spread and symbolizes the values of the superplastic elongation-to-failure. The m value was derived as follows:


m=∂lnσ∂lnε˙,



(2)







The applied stress and strain rate data were plotted in the ln(σ)-ln(ε˙) coordinate system. The coefficients of strain rate sensitivity at different temperatures and strain rates were obtained at ε = 0.6 and are shown in Figure 5a. The variation of the m values of the 5A70 alloy with the true strain in the superplastic deformation are shown in Figure 5b.



It has been well-documented that the solute drag creep is the dominant deformation mechanism in the coarse-grained/fine-grained Al-Mg alloys at low temperatures and high strain rates [38]. The solute drag creep was previously characterized for m ≤ 0.33 [39,40]. However, the apparent m values in the present study were generally higher than 0.33 and close to 0.5. Thus, the solute drag creep might make a relatively limited contribution to the observed superplasticity. In addition, the corresponding stress exponent, n, values ranged from 2.13–2.50, which were close to the typical model for the superplasticity stress exponent (n = 2) [41]. Under the experimental temperatures and strain rates, the m values declined with the accumulation of the deformation strain. Therefore, at 400 and 450 °C, necking was prevented due to an extensive strain-hardening rate and the 5A70 alloy exhibited a moderate tensile ductility with m ≥ 0.33. At 500 and 550 °C, both strain hardening and the strain-hardening rates associated with decreased necking had low strain rates and high δ values.




3.2.4. Activation Energy for Flow


The activation energy for flow in superplastic deformation was used to assess the degree of difficulty of the material thermal deformation or for the rearrangement of atoms. The higher the dislocation density of the deformation alloy, the greater the activation energy. The activation energy, Q, was obtained by taking the logarithm of Equation (1) under constant strain rates. The apparent diffusion activation energy of Q was derived as follows:


Q=nR∂ln(σ−σ0)∂(1/T),



(3)







The variation in the logarithmic stress as a function of reciprocal temperatures illustrates that a low strain rate appeared to be more sensitive to temperatures. The activation energy for flow, Q, ranged from 135 to 139 kJ/mol and is illustrated in Figure 6. In addition, the lattice diffusion activation energy of QL = 143.4 kJ/mol [42] and the grain boundary diffusion activation energy of Qgb = 84.0 kJ/mol [43] for pure aluminum demonstrated that lattice diffusion dominated the GBS diffusion processes. The activation energy for flow, Q, was 139 kJ/mol, and the maximum δ of 437% was obtained at 550 °C and 5 × 10−4 s−1.





3.3. Superplastic Fracture Surface Morphologies


The superplastic fracture specimens were naturally aged, and the SEM results of the fracture surface morphologies at different temperatures and strain rates are shown in Figure 7. Fracture surfaces that formed under the GBS exhibited the characteristics of ductile failure at grain boundaries, and a large density of submicrometer filaments was evident on the fracture surfaces. Nevertheless, these filaments protruded from the fracture surface along the tensile direction. Similar sub-micrometer filaments were previously observed on the fracture surfaces of deformed superplastic alloys AA5083 [38] and AA7475 [44], as well as for aluminum-matrix composites [45].



A variety of explanations have been reported for the origins of these sub-micrometer filaments. Superplastic tensile tests were performed below the temperature of the initial phase inversion (T < 556 °C). Therefore, the formation of filaments at 400 °C was actually due to sliding transitions from solute drag creeping to high angle grain boundaries. However, this cannot be from the incipient melting or the formation of a glassy phase at grain boundaries [46]. Figure 8, however, provides apparent evidence from which higher concentrations of magnesium and oxygen were observed on the fracture surfaces, indicating the formation of an Mg-rich oxide. Oxides were ridged on early exposed surface regions, as shown in Figure 8, with a composition similar to the filaments on the fracture surface. Ritchie et al. [47] reported that the Mg-rich oxides MgO and MgAl2O4 were preferentially formed on Al-Mg alloys at 500 °C. Chang et al. [48] confirmed that filaments were observed at the fracture surfaces when the specimen was tested in air rather than under vacuum conditions.



Previous works observed that filament formation occurred in AA5083 within the cracks in the tribolayers that correspond to locations above the grain boundaries of the near-surface subjected to the GBS at T > 300 °C [49,50]. Consequently, the Mg5Si6 phase precipitated at the grain boundaries. This was the reason for the increased Si content from 2.95 (in the substrate) to 11.69 wt.% (in the filaments). In addition, the Mg5Si6 phase particles that precipitated along the grain boundaries and dominated the filament formation were the result of grain boundary sliding during superplastic deformation. Therefore, this is a reasonable explanation for the increased Si content in the filaments. These results suggest that the formation of sub-micrometer filaments of the fine-grained 5A70 alloy during superplastic deformation occurred from the growth of Mg-rich oxides and precipitated second phases at the grain boundaries.





4. Discussion


4.1. Influence of Plastic Flow during Superplastic Deformation


It is known that strain hardening and/or the strain-hardening rate can provide the plastic stability during superplastic tensile, defined by:


σ=K1ε˙mεn1,



(4)




where, K1 is a constant, and n1 is the coefficient of strain hardening. A logarithmic analysis of Equation (4) showed that n1= dlnσ/dlnε was calculated by taking the true stress and strain rates of the true strain, ε = 0.3–0.7, in the superplastic ductility, and the resulting n1 values are shown in Table 1.



There is no strain hardening in traditional superplastic materials [51]. In contrast, the 5A70 alloy showed extensive initial strain hardening, similar to other aluminum alloys with fine-grained structures [52]. In particular, the strain hardening at high temperatures and low strain rates is shown in Figure 4b, which significantly contributed to the elongation-to-failure of the superplastic tensile because the coefficient of strain rate sensitivity m was greater than 0.33. The increased dislocation density in the crystal lattice and the distortion of the grain structure were the main reasons for the strain hardening [53]. These m values were not sufficient to stop unstable plastic flow because of the pure strain rate hardening. However, the coefficient of strain hardening was relatively high (Table 1), and the strain hardening attributed to grain coarsening provided unstable plastic flow. Since the true strain rate declined with the accumulated strain, the m values provided a uniform deformation that was visible within the gauge length up to the fracture during the strain-softening stage (Figure 3). The initial strain hardening in the superplastic flow stage provided stability of the plastic flow at the initial stage, with high m values.



The temperature-controlled shear modulus G (MPa) of pure aluminum, G = (3.022 × 104) − 16 T, was used [54]. Equation (1) with p = 2 and n = 2 is typically used to describe the superplastic flow of aluminum alloys with grains in the range of 1–10 μm [55]:


σ=GkTADgbdb3/2ε˙1/2,



(5)







A plot of σ against ε˙1/2 using double linear scales was adopted to determine the threshold stress. Using the superplastic data gave the best linear fit for the assumed stress exponents for all the investigated temperatures. Therefore, all the values for the threshold stress were estimated by extrapolating the data to zero strain rates using rectilinear regression, as illustrated in Figure 9. The calculated threshold stresses were highly dependent on the deformation temperatures, as summarized in Table 2. The results demonstrated that the threshold stress was associated with a high density of dispersed particles, which impeded the movement of dislocations and grain boundaries during superplastic deformation. For the studied fine-grained 5A70 alloy, the m values tend to increase with increasing strain rate over temperatures ranging from 400 to 550 °C. Similarly, the decreased m value of the strain accumulation and the reduced superplastic flow stress led to the superplastic fracture.



The GBS was closely related to the microstructure recrystallization. In this case, the fine-grained structure and the aberration transformation of the lattice distortion produced by the dislocation slipping/climbing allowed the strain hardening rate to be eliminated during superplastic deformation. In addition, the full recrystallization of the deformed structure evidently does not attenuate the strain hardening. In contrast to the adopted true strain, the m values ranged from 0.56 to 0.38, as illustrated in Figure 5b. Nevertheless, the strain hardening occurred in the last stage of the formation, as shown in Figure 4b, and the strain hardening coefficients were 0.61 and 0.55, as shown in Table 1. Moreover, the strain hardening intensified during the superplastic deformation and corresponded to the coefficients of strain hardening of n1 = 0.79, 0.89 and 0.75. Meanwhile, it was not sufficient to compensate for extensive strain hardening at m ≤ 0.33, and the true stress under superplastic tensile began to show a general increase. However, the unstable superplastic flow occurred up to n1 ≤ 0.50 without strain hardening, as shown in Figure 4a. The superplastic fracture for the fine-grained 5A70 alloy was accompanied by a sharp decline in the deformation and unsteady flow stresses for the strain hardening and strain rate sensitivity at high temperatures.



The influence of temperature and grain size on the diffusion coefficient during the superplastic deformation process in the typical superplastic flow theory of fine-grained alloys was proven through experiments. The effect of the diffusion process was related to the effective diffusion coefficient Deff, which included the lattice diffusion coefficient, DL, and the grain boundary diffusion coefficient, Dgb, whose effective diffusion coefficient is defined as follows [56]:


Deff=DL+xπwdDgb,



(6)




where x is a constant equal to 1.7 × 10−2 and w is the grain boundary width (w = 2b and b = 2.863 × 10−10 m) [30]. Equation (6) indicates that the two diffusion paths were independent, and both Dgb and DL contribute simultaneously to the superplastic deformation. As is well-known, the DL of pure aluminum is DL (m2/s) = 1.86 × 10−4 exp(−143400/RT), and the Dgb of pure aluminum is Dgb (m2/s) = 10−4 exp(−84000/RT) [41]. In this study, at 400 and 550 °C, using the Equation: φ=x(πw/d)(Dgb/DL), φ = 0.022–0.085 < 1 was obtained. Therefore, the dominant diffusion mechanism at the temperature range from 400 to 550 °C was lattice diffusion.




4.2. Effect of Temperature on the Grain Growth and Superplastic Behavior


Equation (1) shows that with a constant strain rate, the superplastic elongation temperature is inversely proportional to the n-th power of the true strain. That is, the higher the temperature, the longer the true strain of the superplastic δ value. Meanwhile, the true stress evidently declines. Figure 10 shows the EBSD analyses of the 5A70 alloy deformed at different temperatures for ε˙= 1 × 10−3 s−1 after the superplastic fracture. The color of each grain was coded by its crystal orientation based on the [001] inverse pole figure in Figure 10a. The aggregation of a large number of ultrafine grains was near the small cavities in the tensile specimen. In addition, the cavity interlinkage and coalescence were precisely identified via the supporting microscopy evidence. Nevertheless, new ultrafine grains occurred in the limited region and were generated near the initial deformed grains, indicating that dynamic recrystallization occurred. Compared with the microstructures of the sample before deformation (Figure 2b), it can be inferred from Figure 10a–d that the grains were gradually elongated in the tensile direction as the temperature increased.



Figure 10a–d show that the microstructure mainly consists of grain sizes that were larger than 10 μm. Dynamic recrystallization occurred during superplastic deformation, which generated the recrystallized grains. At 400 °C and 1 × 103 s−1, dynamic recrystallization occurred without obvious grain growth, giving a grain size of 9.60 μm. The grain boundary character distribution data and average grain sizes of the samples in Figure 10 are listed in Table 3. Compared with Figure 2b, it can be observed that the recrystallized grains gradually coarsen when increasing the deformation temperatures or increasing the deformation degree. However, the final grain structure had an average recrystallized grain size of less than 15 μm for 400–500 °C in this work, revealing that the 5A70 alloy had a strong ability to inhibit the grain growth during superplastic deformation. The proportion of the LAGBs fraction at 400, 450, and 500 °C gradually increased from 11.4 to 16.4 and 22.8%, but decreased to 18.5% at 550 °C. In contrast, the corresponding grain boundary angle decreased initially and then increased, which was due to the distorted grain structure at 550 °C. These fractions indicated that most boundaries were at high-angles, which can indirectly prove the occurrence of grain boundary or interphase boundary sliding. Nevertheless, the abnormal grain growth led to an increased LAGBs and grain misorientation angle, as shown in Figure 10d,h. The grain boundary sliding along the [110] crystal direction and the orientation grain boundary angle account for more than 50% during the superplastic deformation. Sakai et al. [57] found that the accompanying grain refinement and grain boundary rotation from the large flow softening took place due to the operation of GBS at low strain rates. However, it is known that the glide plane of the face-centered cubic structure in the 5A70 alloy is {111}, and the grain boundary slip direction is <110> [58]. This demonstrates that the sliding mainly took place in the slip direction to balance the grain-to-grain deformation and the reaction stress during superplastic tensile. It is noted that there was positive evidence for the grain rotation and grain boundary sliding for the 5A70 alloy during superplastic deformation.



The grain growth of the fine-grained structure was based on the initial grain size during the fully dynamic recrystallization, which includes the static growth of the grain over a certain period of time, and the grain size increased under superplastic tensile. Therefore, the total grain growth during superplasticity is defined as dD=(∂Dt/∂t)dt+(∂Dε/∂ε)dε. Sato et al. [59] proposed the deformation induced grain growth (DIGG) model as: ln(D/D0)=αε. Based on the grain growth model introduced by Cao [60], the superplastic deformation grain growth model at a constant rate is shown as follows [61]:


d=[d0qexp(αqε)+(K/(αqε˙0))expε(exp(αqε)−1)]1/q,



(7)




where, d is the grain size at the tensile time t, d0 is the initial grain size, α is the grain growth exponent, q is the growth exponent, ε is the true strain, K is the grain growth rate constant, and ε˙0 is the initial strain rate. Then, the relation: ϕ=wDgb/(D0DL) is used, where w is the grain boundary width. Malopheyev et al. [62] obtained the value for the diffusion coefficient: at 400–550 °C, the calculated available ϕ = 0.02–0.13 < 1. Therefore, the lattice diffusion growth dominated the grain growth mechanism, where q = 3 [63]. The growth rate factor, K, was obtained with the temperature changes and strain rates shown in Table 3.



For temperatures of 400–500 °C, growth of the lattice diffusion promoted the grain structure distortion energy for the grain growth during superplastic deformation. Namely, grain growth along the lattice diffusion of the polymerization growth factors was α = 0.18–0.34, and the grain growth rate was K = 2.32 × 10−21–3.42 × 10−21 m3/s. This is because the dynamic recrystallization of the deformed structure is a function of the pinning effect of the precipitated particles. Moreover, the grain growth occurred towards the tensile direction as the tensile deformation was accumulated. At 550 °C, the lattice diffusion of the polymerization growth factors was α = 0.61 and 0.66. The abnormal grain growth was due to the weakening of the pinning effect from the dissolution of the precipitated particles, which were unable to effectively inhibit the grain growth during dynamic recrystallization [64]. In addition, the deformed distortion structure had a pronounced orientation along the tensile direction. Therefore, the grain growth exponent, α, indicates the influence of the dynamic grain growth for the 5A70 alloy superplasticity. Furthermore, the superplastic tensile of the 5A70 alloy exhibited a strong temperature dependence. This clearly clarified that the strain hardening was due to the distortion of the grain structure during dynamic recrystallization.



The lattice diffusion dominated the mechanism of the GBS-induced grain to rotate the slip surface under an applied stress and balance the stress tensor to maintain the superplastic flow. At T = 500 °C, the decreased precipitated particles played a significant role in promoting the recrystallized grain growth, which resulted in abnormal grain growth.




4.3. Influence of Mg-Rich Phase Particles on Superplastic Tensile and Fracture Process


At 500 °C and 1 × 103 s–1, the components of the precipitated phase were analyzed using X-ray diffraction (XRD) and energy dispersive spectrometry (EDS), as shown in Figure 11. Full recrystallization of the deformed fine-grained 5A70 alloy structure after cold rolling was obtained using heat treatment. Figure 11a shows the dispersive fine precipitates in the recrystallized structure of the rolling surface. In addition, Figure 11b shows the results of the particle determination for the superplastic fracture specimens. There was a transition between the metastable β-Al2Mg phase and the β-Al3Mg2 phase with a hexagonal structure in the dynamic stretching process, as shown in Figure 11c [65]. Figure 11b,d indicate that the Al6(MnFe) phase disperses after all the heat treatments [30,66], and the Mg5Si6 phase precipitated during the superplastic deformation. Similar dispersed phase particles were previously observed in the aluminum-magnesium-silicon alloys [67,68].



Precipitation hardening, where small particles inhibit the movement of dislocations to strengthen aluminum alloys, was used to improve the mechanical strength of Al-Mg alloys. The composition and structure of the Mg5Si6 phase in aluminum alloys were determined, which occurred as precipitates, and were associated with a particularly strong increase in the mechanical strength. This was due to the magnesium content increasing to 5.72 wt.%, while the addition of Mn, Fe, Cr, and Si improved the nucleation of the second phase particles [69,70]. However, the dynamic recrystallization was intensely impacted by the increased temperatures, and the dispersed distribution of the precipitated phases effectively impeded the grain growth and promoted the equiaxial transformation of the fine-grained structure, as shown in Figure 10. At 550 °C and 1 × 10−3 s−1, the inhibiting effect on the grain growth during tensile of the dynamic recrystallization decreased significantly when the grain size was 21.16 μm, as shown in Figure 10d. The abnormal grain growth resulted in an increase of the true stress under strain hardening (Figure 4b). The pinning effect of the precipitate was the intrinsic mechanism for the change in the true stress-true strain during the superplastic deformation and had a positive effect on the cavity nucleation and growth.



At 500 °C and 1 × 10−3 s−1, when the accumulated applied stress reached a maximum during the superplastic tensile, it was found that sliding of the grain boundary under the shear stress caused dislocations to pin up at the head of the phase particles, as shown in Figure 12a, and the cross grain boundaries slid and climbed to form a sub-grain boundary, as shown in Figure 12b. The TEM results suggest that the dislocation density in the fine-grained structure of the 5A70 alloy during superplastic deformation was ~5 × 10−14 m2. In addition, the dislocations gradually moved towards and were absorbed by the sub-grain boundaries during superplastic deformation. When the pile-up stress, σp, exceeded the theoretical decohesion strength of the Al-matrix/second phase particle interface boundary), the cavity began to nucleate [36]. At 500 °C and 1 × 10−3 s−1, the maximum applied stress (σmax = 3.75 MPa) is substituted for the typical product stress σp = 7.87 MPa [71]. Since the plugging stress threshold was more than twice the applied stress during superplastic tensile, the Al-matrix and the strengthening phase particles were easily separated and promoted cavity nucleation.



The cavity nucleation and growth mechanism of the superplastic tensile was the cavity growth of stress promoting the diffusion of the small cavity along the grain boundary, including the superplastic diffusion growth, and the plastic-controlled growth caused by the plastic deformation of the recrystallized grain around the cavity [72]. The pinning effect of the precipitated phase enhanced the cavity nucleation and the chemical potential between the forceful grain boundary atoms and the free surface of the cavity at 550 °C [73].



Cavity expansion mainly occurred during the growth of the diffusion and the superplastic diffusion because of the spreading of voids into the nearby cavity since the cavity radius was less than the grain size. In addition, plastic-controlled growth dominated the cavity interlinkage and coalescence process, which eventually led to superplastic fracturing [74]. The expansion of the cracks was the fundamental reason for the transient instability and superplastic fracture. The behavior of cavities nearby the fracture surface was studied, as shown in Figure 13, which illustrates the fracture morphology of the superplastic tensile specimens.



Figure 13a–d show that no significant necking occurred at the superplastic fracture, and cracks near the fracture location gradually spread outwards from the fracture along the accumulated deformation. Therefore, crack formation was the main reason for the ultimate fracture of superplastic tensile [75]. The pinning effect of the phase particles was strengthened to enhance the cavity nucleation and the chemical potential between the forceful grain boundary atoms and the free surface of the cavity. In a previous study, the results demonstrated a clear transition from diffusion growth to superplastic diffusion growth and plastic-controlled growth at a cavity radius larger than 1.52 and 13.90 μm [71]. Cavity growth mainly occurred at the stage of diffusion growth and superplastic diffusion growth due to the diffusion of the voids into adjacent cavities with a cavity radius smaller than the grain size. Plastic-controlled growth dominated the cavity interlinkage and coalescence process, which eventually led to superplastic fractures. Therefore, the irregular-shaped cavity with the accumulation of deformation strains induced wedge cracks, which propagated and converged under the shear stresses until a fracture occurred.



At the first stage, the crack in the specimen propagated as an opening mode crack that formed vortex structures (Figure 7). Second phase particles were formed along the cavity surface, which indicates a high mass transfer rate in the vortex porous structure. At the second stage, periodic transverse shear displacement occurred at the fracture surface (Figure 13b,c) due to a change of the crack type: the crack at this stage propagated as a sliding mode crack. As the crack reached the specimen edges, it rotated and propagated along the direction of τmax under plane stresses. At this stage, the fracture fractograph revealed traces of material rotations along the longitudinal shear in the form of plane cavities and discontinuities (Figure 13d) [76].



At 550 °C, the dissolution of the phase particles reduced the suppression of grain growth during dynamic recrystallization. However, the grain growth promoted the healing of the small cavities [71]. This clearly verifies that the cavity nucleation and cavity growth during superplastic tensile deformation promoted steady-state flows. Ultimately, the cracks destroyed the superplastic tensile stability and resulted in superplastic fracturing with no obvious necking.





5. Conclusions


The following conclusions are drawn from this work:

	(1)

	
Static recrystallization at 340 °C for 20 min showed an average grain size of 8.48 μm for the 2 mm thick 5A70 alloy sheet, which was due to the pinning effect from the dispersion of the second phase particles.




	(2)

	
The 5A70 aluminum alloy exhibited reasonable δ values at 400 °C (205%) and 450 °C (321%) with a moderate strain rate (1 × 10−3 s−1), while the corresponding coefficients for the strain rate sensitivity, m, were 0.42 and 0.40, respectively. However, excellent δ values were obtained with a low strain rate of 5 × 10−4 s−1 at 500 (398%) and 550 °C (437%) with m = 0.47 and 0.46, respectively.




	(3)

	
The strain hardening of the 5A70 alloy preferentially occurred at high temperatures (500 and 550 °C) with low strain rates (5 × 10−4 s−1). This was due to the decreased Mg-rich phase particles, and the abnormal grain growth weakened the pinning effect during dynamic recrystallization.




	(4)

	
The activation energy at 400–550 °C ranged from 135 to 139 kJ/mol, which is close to the lattice diffusion activation energy of pure aluminum (143.4 kJ/mol). Therefore, lattice diffusion dominated the GBS mechanism of the 5A70 alloy during superplastic deformation.




	(5)

	
Massive second phase particles played a significant effect in suppressing the dynamic recrystallization during superplastic tensile and promoted the cavity nucleation, growth, interlinkage, and coalescence during superplastic deformation.




	(6)

	
The formation of submicrometer filaments at the fraction surfaces were due to the Mg-rich phase particles that precipitated along the grain boundaries in the GBS and from the growth of MgO and MgAl2O4 that formed at high temperatures during superplastic formation.
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Figure 1. Differential scanning calorimeter (DSC) results of the 2 mm thick fine-grained 5A70 alloy (a) and the binary Al-Mg phase diagram (b). 
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Figure 2. EBSD results of the grain size in the RD plane (a), ND plane (b), and TD plane (c); the grain size distribution (d); and the grain orientation angle (e) of the 2 mm thick fine-grained 5A70 alloy. 
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Figure 3. Superplastic elongation-to-failure results (a) and the specimens with excellent δ values at different temperatures, 400–550 °C, and different initial strain rates, 5 × 10−4–5 × 10−3 s−1 (b). 
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Figure 4. True strain-true stress results for the fine-grained 5A70 alloy at different temperatures: 400–450 °C (a) and 500–550 °C (b) with strain rates: 5 × 10−3–5 × 10−4 s−1. 
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Figure 5. Coefficients of the strain rate sensitivity, m, at ε = 0.6 (a) and the m values during superplastic deformation at 400–550 °C (b). 
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Figure 6. Logarithmic stress as a function of reciprocal temperatures and the apparent activation energy Q of the fine-grained 5A70 alloy. 
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Figure 7. SEM micrograph of the superplastic fracture surface morphologies at T = 400 °C, ε˙ = 1 × 10−3 s−1 (a), T = 450 °C, ε˙= 1 × 10−3 s−1 (b), T = 500 °C, ε˙= 5 × 10−4 s−1 (c), and T = 550 °C, ε˙= 5 × 10−4 s−1 (d). 
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Figure 8. EDS analysis for the superplastic fracture surface of the substrate (a) and the filaments (b) of the fine-grained 5A70 alloy. 
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Figure 9. Variation of the flow stress as a function of ε˙1/2 for the fine-grained 5A70 alloy subjected to RHT. 
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Figure 10. Influence of the temperature on the grain growth in the deformation process at 400 °C with ε˙ = 1 × 10−3 s−1, where the grain and orientation angle are shown in (a,e), as well as 450 °C in (b,f), 500 °C in (c,g), and 550 °C in (d,h). 
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Figure 11. Formation and composition of the dispersed phase particle morphology at full recrystallization (a), and the EDS/X-ray diffraction results of Al6(Mn,Fe) phase (b), β phase (c), and Mg5Si6 phase (d). 
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Figure 12. Location of dislocations, precipitated particles (a), and grain boundaries (b) in TEM images at T = 500 °C and ε˙ = 1 × 10−3 s−1 with ε = 0.65. 
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Figure 13. Fracture morphologies and cavity behaviors for the superplastic fraction surfaces of the 5A70 alloy at T = 400 °C, ε˙ = 1 × 10−3 s−1 (a); T = 450 °C, ε˙ = 1 × 10−3 s−1 (b); T = 500 °C, ε˙ = 5 × 10−4 s−1 (c); and T = 550 °C, ε˙ = 5 × 10−4 s−1 (d). 
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Table 1. Coefficients of strain hardening at different temperatures and strain rates.
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Temperature

T/°C

	
Strain Rate

ε˙/s−1

	
Strain Hardening Coefficient/n1

	
Standard Deviation/%

	
Temperature

T/°C

	
Strain Rate

ε˙/s−1

	
Strain Hardening Coefficient /n1

	
Standard Deviation /%






	
400

	
5 × 10−3

	
0.14

	
0.75

	
500

	
5 × 10−3

	
0.34

	
1.38




	
1 × 10−3

	
0.16

	
0.72

	
1 × 10−3

	
0.61

	
3.86




	
5 × 10−4

	
0.24

	
0.84

	
5 × 10−4

	
0.79

	
2.23




	
450

	
5 × 10−3

	
0.23

	
1.26

	
550

	
5 × 10−3

	
0.55

	
2.20




	
1 × 10−3

	
0.38

	
1.88

	
1 × 10−3

	
0.69

	
3.98




	
5 × 10−4

	
0.46

	
1.54

	
5 × 10−4

	
0.75

	
2.78
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Table 2. Threshold stress of RHT 5A70 alloy at the studied temperatures.
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	Temperature (°C)
	400
	450
	500
	550



	Threshold stress (MPa)
	5.56
	3.35
	0.15
	0.83
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Table 3. Analysis of the grain growth for the superplastic fracture surfaces.
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Temperature T/°C

	
Strain Rate ε˙/s−1

	
True Strain ε/MPa

	
Experimental Results d/μm

	
Proportional Constant α

	
Growth Rate Factor (×10−21) K/m3 s−1






	
400

	
1 × 10−3

	
1.13

	
9.60

	
0.18

	
2.32




	
450

	
1.45

	
11.78

	
0.28

	
2.53




	
500

	
1.60

	
13.32

	
0.33

	
2.58




	
550

	
1.61

	
21.16

	
0.61

	
8.94




	
500

	
5 × 10−4

	
1.76

	
14.35

	
0.34

	
3.42




	
550

	
1.71

	
24.26

	
0.66

	
3.47
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